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ABSTRACT 
Over the last few decades, considerable attention has been given to the development of 
lead-based ferroelectric systems such as PbZr1-xTixO3 due to their robust high temperature 
ferroelectric properties, as well as the presence of the so-called morphotropic phase boundary 
(MPB) ̶ a temperature-independent composition-driven structural instability that results in 
superior dielectric and piezoelectric properties. However, increasing environmental concerns are 
driving efforts towards the development of lead-free ferroelectrics such as BiFeO3, BaTiO3, and 
others. Previous work on epitaxial BiFeO3 thin films have shown that large compressive strains 
can drive the formation of complex mixed-phase structures with enhanced electromechanical 
responses (4-5% strains). In this work, we probe the nanoscale distribution of phases present in 
these mixed-phase structures using a combination of epitaxial thin-film growth and 
characterization techniques such as x-ray diffraction and piezoresponse force microscopy. We 
show, for the first time, the presence of monoclinic distortions and intermediate phases (akin to 
conventional MPB systems) in the mixed-phase films that are crucial for enhanced 
electromechanical responses. We then present thickness- and temperature- dependent phase-
evolution studies that indicate the presence of a strain-spinodal between the various structural 
polymorphs of BiFeO3 to be the origin of mixed-phase formation. Finally, we discuss limitations 
due to a breakdown in epitaxy that occurs in thicker films and present chemical alloying-based 
approaches to mitigate these challenges. Having highlighted strain relaxation with increasing 
film thickness as a fundamental limitation to epitaxial-strain control, we explore an alternative 
route involving the use of a combination of defect-engineering and epitaxial strain to stabilize 
enhanced deformation states in materials. For this, we present a systematic study of BaTiO3 thin 
films, and show that epitaxial strain can be used to control the ordering of growth-induced defects 
driving deterministic additional out-of-plane strains that can enhance the ferroelectric Curie 
temperature to values exceeding 800°C without any need to change substrates. Such a combined 
control of epitaxial strain and engineered defect-structures provides a new pathway to extend the 
limits of strain-control of materials and properties. Lastly, we investigate a new route involving 
the use of epitaxial strain in conjunction with controlled composition- and strain- gradients to 
tune the thermal stability of dielectric responses of ferroelectric thin films. We present 
preliminary studies that reveal enhanced relative dielectric permittivity values of ~750, that 
change by less than 10% over a wide temperature range from 25-350ºC in compositionally-
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graded epitaxial BaxSr1-xTiO3 thin films, which is promising for next-generation microwave 
applications.   
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CHAPTER 1 
FERROELECTRIC PEROVSKITES: 
 PHYSICS, MATERIALS AND PROPERTIES 
In this chapter, we begin with a review of the basic concepts of ferroelectricity and provide 
an overview of the technological significance of these materials. This is followed by a discussion 
of prototypical perovskite ferroelectric systems along with conventional materials design strategies 
to tune and maximize their responses. While lead-based perovskites dominate the current market 
of ferroelectric devices, we highlight the need to develop lead-free alternatives, especially in the 
thin film form, that would enable a seamless integration of these technologies in next-generation 
devices. This naturally, leads to a discussion of the current state-of-art in ferroelectric thin-film 
growth and concepts of epitaxy and strain-engineering which have been widely utilized as an 
additional knob to control structure and responses of these materials. Lastly, having discussed the 
merits and limitations of current strain-engineering based approaches, I will motivate the need to 
develop new modalities in material growth and design that can extend the limits of strain-
engineering in these materials and develop the central focus of the rest of the thesis. The chapter 
concludes with a summary of the organization of the remainder of the thesis. 
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1.1 Introduction 
Ferroelectric materials are crucial for a wide array of technologies and form an active 
element in applications ranging from relatively simple devices such as piezoelectric gas igniters 
and airbag sensors in cars, to advanced technologies including sonar and radar, ultrasonic medical 
imaging, ferroelectric memory, infrared imaging, waste heat harvesting and more [1,2,3,4,5,6].  A 
ferroelectric is defined as an insulating system with two or more discrete stable or metastable states 
of different non-zero electric polarization (P, referred to as the spontaneous polarization) under 
zero applied electric field [7,8,9,10]. These materials are characterized by a phase transition 
temperature, referred to as the ferroelectric Curie temperature (TC), at which they undergo a 
structural transition from a high symmetry paraelectric phase to a lower symmetry ferroelectric 
phase. This phase transition is caused by a relative displacement of cations and anions in each of 
the crystal unit cells, that in turn, results in the formation of an intrinsic spontaneous polarization 
and the simultaneous emergence of the property of pyroelectricity (temperature dependence of 
spontaneous polarization) [11]. In the low-temperature phase, ferroelectric crystals belong to one 
of the polar symmetry groups, which are non-centrosymmetric and therefore display 
piezoelectricity (deformation under the action of electric fields and vice versa) [9,12]. Ferroelectric 
materials are thus, simultaneously piezoelectric and pyroelectric, and it is such multi-functionality 
that has led to the technological significance of this class of materials. In the following sections, 
we will briefly review various concepts related to ferroelectricity in materials, and then examine 
the range of physical properties that make ferroelectrics attractive for such a wide array of 
applications. At the same time, we will also discuss various materials engineering strategies that 
have been widely used to modify and control ferroelectric properties that are important for 
application-specific optimization of functionalities in these materials [13]. 
1.2 Ferroelectrics and Related Concepts 
The defining feature of a ferroelectric is the presence of a switchable spontaneous electric 
polarization that is intrinsic to the crystal lattice. This imposes constraints involving the 
simultaneous presence of non-centrosymmetry and a polar axis on the point-group symmetry of 
these materials. Of the 32-possible crystal classes, 20 are piezoelectric (non-centrosymmetric 
materials that can be polarized under stress). Of these 20 piezoelectric crystal classes, 10 are 
pyroelectric (possess a polar axis with a spontaneous polarization that is temperature dependent) 
3 
 
[9,12].  Ferroelectrics are a subset of the 10 pyroelectric crystal classes in that they require the 
additional characteristic that the electric polarization can be switched between two or more 
energetically degenerate states by the application of an external electric field [5,7,8,10]. In the 
absence of such an electric field, the ferroelectric can exist in any of these states, including the 
possibility that the crystal can split into multiple regions known as domains, where neighboring 
domains possess different directions for the direction of the vector or spontaneous polarization 
[11,14]. The experimental proof of ferroelectricity is very often provided in the form of the 
polarization-electric field (P-E) hysteresis loop, a plot of the integrated switching current as a 
function of applied electric field, which demonstrates the hysteretic and saturation behavior 
associated with switching between the different domain states (Fig. 1.1). Point A in the figure 
describes a state characterized by equal fractions of oppositely polarized domains resulting in a 
system with a net zero macroscopic polarization. The application of an external electric field, 
energetically favors domains that have a parallel alignment of the spontaneous polarization. 
Consequently, as the external field is linearly increased the domain walls (regions between 
Fig. 1.1: A typical ferroelectric hysteresis loop of polarization vs applied electric field showing the poling process 
from a poly-domain state with net-zero macroscopic polarization (point A) to a poled monodomain state with 
downward pointing polarization (point B). Subsequent cycling of electric field to values in excess of the coercive 
fields (EC, points D and G) results in a hysteretic switching between states with downward- and upward- pointing 
polarization (points B and E respectively) with a remnant polarization (Pr, points C and F). 
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adjacent domains) move to redistribute the volume fractions of domains in favor of the 
energetically favorable domain configuration to eventually yield a monodomain state (point B) 
[11,14]. Such a process of obtaining a monodomain state is termed as “poling” and the ferroelectric 
remains in this monodomain state even on the removal of the external field (point C). Now, in 
order to switch to a completely upward pointing monodomain state, an electric field in the reverse 
direction exceeding the coercive field (point D) needs to be applied. By traversing the hysteretic 
path B-C-D-E-F-G, the ferroelectric can be cyclically switched between downward and upward 
pointing polarization states, and forms the basis of switching-based devices including ferroelectric 
memory (or FeRAM) where bits of information can be stored as the polarization direction in a 
ferroelectric capacitor [15,16].  
In addition to polarization-switching and the associated highly non-linear hysteretic 
response of ferroelectrics at high electric fields, there also exists strong thermo-electro-mechanical 
coupling in these materials resulting in a range of interesting functionalities that are summarized 
here (Fig. 1.2). Of these susceptibilities, we will primarily focus on the dependence of the 
spontaneous polarization of ferroelectric materials to electric field (E), temperature (T) and 
mechanical stresses (σ) that result in large values of linear (small signal) susceptibilities which are 
characterized by the dielectric, 
pyroelectric, and piezoelectric 
coefficients, respectively as 
[7,9,17], 
𝜀𝑖𝑗 =
𝛿𝑃𝑖
𝛿𝐸𝑗
 , 𝜋𝑖 =
𝛿𝑃𝑖
𝛿𝑇
, 
        𝑑𝑖𝑗𝑘 =
𝛿𝑃𝑖
𝛿𝜎𝑗𝑘
 
            (1.1) 
where, 𝜀𝑖𝑗 are coefficients of the 
dielectric permittivity tensor, 𝜋𝑖 
are the pyroelectric coefficients, 
and 𝑑𝑖𝑗𝑘 are the piezoelectric 
coefficients. In addition to the 
intrinsic lattice contribution to 
susceptibilities, extrinsic 
Fig. 1.2: Schematic indicating the range of thermo-electro-mechanical 
coupling effects in ferroelectric materials. The response of the 
ferroelectric polarization (P) to thermal, electrical and mechanical 
stimuli are highlighted in red. (Adapted from J. F. Nye Physical 
Properties of Crystals, 1964) 
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contributions such as those from domain-wall motion and others are also possible in these 
materials [18]. These susceptibilities are generally maximized near structural or polar instabilities 
(such as near TC) and form the basis of a variety of devices including high-k dielectric capacitors, 
piezoelectric transducers, and temperature sensing elements [8,13]. In the sections that follow we 
will look closely at the perovskite family of ferroelectric materials to have a better understanding 
of these instabilities and ways to engineer optimized responses at the operating conditions of 
temperature, stress, and electric fields in real devices. 
1.3 Bulk Perovskite Ferroelectrics 
While ferroelectricity was first discovered in the 1920’s in hydrogen bonded materials such 
as Rochelle salt and subsequently potassium dihydrogen phosphate (KDP) [19,20,21], it was only 
in the early 1940’s with the discovery of above room-temperature ferroelectricity in BaTiO3, a 
perovskite ceramic with excellent chemical and structural robustness, that the field of ferroelectrics 
transformed from a subject of mere scientific curiosity to one of immense technological 
significance [22]. Since then many hundreds of ceramic ferroelectric materials have been 
discovered and have been categorized based on their unit cell structure as (1) the tungsten-bronze 
group, (2) the oxygen octahedral or the perovskite group, (3) the pyrochlore group, and (4) the 
bismuth layer structure group [4].  Nevertheless, the perovskite-based ferroelectric materials are 
still the most widely used and form the bulk of ferroelectric ceramics manufactured in the world 
today [4,5,13]. 
1.3.1 Structure and Phase Transitions 
Ferroelectrics perovskites are a subtype of a broader range of compounds possessing the 
perovskite structure with the chemical formula ABO3, where A and B each represent a cation 
element or a mixture of two or more elements or vacancies. Depending on the composition and 
cationic ordering, perovskites can be metallic or insulating, can exhibit many different types of 
magnetic and structural order including (anti-)ferromagnetism [23], colossal magnetoresistance 
[24], high-temperature superconductivity [25], and more. Prototypical examples of ferroelectric 
perovskites include simple compounds such as BaTiO3, PbTiO3, BiFeO3, KNbO3 as well as solid 
solutions including PbZrxTi1-xO3 (PZT), BaxSr1-xTiO3 (BST), (1-x)Pb(Mg1/3Nb2/3)O3-xPbTiO3 
(PMN-PT), etc. The simplest arrangement of a perovskite structure is based on corner linked 
oxygen octahedra arranged in a regular cubic array to form the high symmetry m3m structure (very 
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often the reference high temperature paraelectric phase of many perovskite ferroelectrics (Fig. 
1.3a)). The small 6-fold coordinated B site cation in the center of the octahedron is filled by a small 
highly charged (tri-, tetra-, penta-, or hexa- valent) transition metal cation and the larger 12-fold 
coordinated “interstitial” site between the octahedra carries a larger mono-, di- or trivalent cation 
or is simply empty as in WO3 [4,11,13]. In the case of ferroelectric perovskites, a structural phase 
transition from the parent high symmetry paraelectric phase to the ferroelectric phase with a lower 
symmetry distorted perovskite structure occurs upon cooling below the TC and the material can 
exist is several polymorphic states. In bulk BaTiO3, the paraelectric-to-ferroelectric transition 
occurs at 120°C, below which the cubic lattice (symmetry Pm3̅m) is distorted and the crystal 
becomes tetragonal (symmetry P4mm). This transition is accompanied by the displacement of the 
central Ti cation relative to the oxygen octahedra along the four-fold axis and the development of 
spontaneous macroscopic polarization along the tetragonal c axis (Fig. 1.3b). Upon further cooling, 
the BaTiO3 crystal demonstrates additional phase transitions to an orthorhombic phase (symmetry 
mm2) at 0°C with spontaneous polarization along the two-fold [110] (Fig. 1.3c). The final 
ferroelectric transition to a rhombohedral phase (symmetry R3m) occurs at -70°C with spontaneous 
polarization along the three-fold [111] (Fig. 1.3d). The ferroelectric phase transitions in bulk 
BaTiO3 are of the first order and are accompanied by the release of latent heat and discontinuous 
changes in lattice parameters and unit cell volume (Fig. 1.4a, top panel). The ferroelectric 
susceptibilities at such first order transitions display large anomalies and are hysteretic (Fig. 1.4a, 
bottom panel) [9,11].  Furthermore, second order phase transitions (continuous transitions without 
any latent heat) are also possible in ferroelectric materials; and even larger anomalies in 
ferroelectric susceptibilities (theoretically infinity) are expected. In addition to temperature, 
Fig. 1.3: Cartoon depiction of the crystal structure of typical polymorphic states of a ferroelectric perovskite 
including a) Ideal perovskite structure (cubic paraelectric parent phase), b) tetragonal phase with polarization along 
[001] direction, c) orthorhombic phase with polarization along [110] direction, and d) rhombohedral phase with 
polarization along [001] direction.  
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pressure can also be used to induce such structural instabilities. For instance, Fig. 1.4b (top panel) 
shows the temperature-pressure phase diagram of KNbO3 (an orthorhombic ferroelectric at 
ambient conditions). In addition to a temperature-dependent ferroelectric transitions from cubic to 
tetragonal to orthorhombic to rhombohedral upon cooling, an identical sequence of ferroelectric 
transitions are observed with increasing hydrostatic pressure. The anomalies in the dielectric 
permittivity associated with these pressure-induced phase transitions are provided for two 
representative temperatures of 360K and 435K (Fig. 1.4b, bottom panel) [26]. In order to achieve 
such enhanced susceptibilities, routes to induce structural instabilities in the vicinity of operating 
conditions for real world applications have been developed. To understand these pathways, we 
begin by understanding the general mechanism for ferroelectricity in perovskite materials. 
1.3.2 General Mechanism for Ferroelectricity in Perovskites 
The sensitivity of ferroelectrics to temperature and pressure, as well as a range of other 
factors, arises from its origin as a delicate competition between long range Coulomb forces that 
Fig. 1.4: a) Temperature dependent evolution of unit-cell lattice parameters and ferroelectric phase transitions (top 
panel) and associated dielectric response (bottom panel) in BaTiO3 [9], and b) Temperature-pressure phase 
diagram (top panel) and pressure-dependent evolution of dielectric constant at representative temperatures of 360 
and 425 K (bottom panel) for ferroelectric KNbO3 [26].  C, T, O and R represent the cubic, tetragonal, 
orthorhombic and rhombohedral polymorphs respectively. 
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favor the ferroelectric state and short range repulsions that favor the non-polar cubic structure [27]. 
Detailed electronic-structure calculations have revealed that the mechanism for ferroelectricity in 
BaTiO3 involves the ligand field stabilization of empty d-orbitals of B-site Ti cation by the 
completely filled O 2p orbitals, which is accompanied by the off-centering of the Ti cation [28]. 
These studies concluded that the mechanism of ferroelectricity in classic perovskite ferroelectrics 
such as BaTiO3 and PbTiO3 involves a weakening of the short range repulsive forces by 
hybridization between the unoccupied d states of the B-site transition metal cation with oxygen 
allowing for ferroelectric instability at lower pressures.  Additionally, in the case of PbTiO3, the 
Pb 6s and the O 2p states are also strongly hybridized leading to a large strain that stabilized the 
tetragonal ferroelectric state. Thus, in a manner similar to applied hydrostatic pressure, chemical 
substitutions (typically with isovalent cations of varying sizes) on the A- and B-sites of perovskite 
ferroelectrics give rise to so called “chemical pressure” and can be utilized to engineer structural 
instabilities and ferroelectric phase transitions. There are also alternative mechanisms to 
ferroelectricity in perovskite materials such as BiFeO3 that possess non-d
0 B-site cations, and 
typically involves the steriochemical activity of lone pair electrons on A-site cations (such as Pb2+, 
Sn2+, Bi3+) with ns2 electron configurations [29]. It has also been shown that for such non-d
0 B-site 
ferroelectric perovskites the ferroelectric state is relatively insensitive to strain [30]. 
1.3.3 Chemical Tuning of Ferroelectric Susceptibilities 
We have, so far, seen that temperature, pressure, and composition are three important knobs 
that can be used to tune the polymorphic state of a ferroelectric material and that ferroelectric 
susceptibilities are often maximized in the vicinity of structural instabilities. While the temperature 
and pressure conditions are determined by the operating conditions for a given application, 
researchers have primarily resorted to tuning the composition or the so called “chemical pressure” 
to maximize ferroelectric responses in materials. Over the decades, researchers have exploited the 
flexibility of chemical modifications in perovskites and a whole array of compounds based on 
ferroelectric solid solutions, including BST, PZT, PMN-PT, and others, have been developed. 
These ferroelectric solid solutions are extensively used in a wide range of applications from high 
dielectric-constant capacitors, piezoelectric sonar and ultrasonic transducer, radio and 
communication filters, infrared image sensors and more [1,4,13,18]. For instance, alloying the A-
site of BaTiO3 with increasing amounts of Sr
2+ controllably decreases the unit cell volume and has 
the effect of increasing “chemical pressure” thereby allowing a continuous control of ferroelectric 
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TC  from that of bulk BaTiO3 (TC ~120 °C) all the way down to zero kelvin for SrTiO3, an incipient 
ferroelectric [9,31]. Consequently, BST–based solid solutions are widely used for near-room 
temperature dielectric applications that require high dielectric permittivity and tunability [32]. 
The concept of “chemical pressure” has also been applied to develop optimized 
compositions of solid solutions of lead-based perovskites that display large piezoelectric and 
electromechanical coupling coefficients, and have entirely supplanted the use of its predecessors 
(based on bulk BaTiO3 ceramics) for piezoelectric applications. State-of-the-art piezoelectrics are 
based on perovskite materials with complex chemistries including Pb(Zr0.52Ti0.48)O3 and 
0.77Pb(Mg1/3Nb2/3)O3-0.33PbTiO3 [4,13,33]. The importance of these compositions can be 
understood by looking at the role of alloying at the B-site Ti4+ cation of PbTiO3 with isovalent Zr
4+ 
cations towards controlling the polymorphism displayed by the PZT family of ferroelectrics. The 
high temperature prototype phase in PZT is the cubic perovskite phase and at lower temperatures, 
they adopt many distorted versions of the 
parent phase depending on the composition and 
the temperature (Fig. 1.5, top panel) [33,34].  It 
is easily seen that Ti-rich compositions form a 
tetragonal ferroelectric (with the polarization 
along the pseudo-cubic [001] direction) and Zr-
rich region condense into a rhombohedral 
ferroelectric (with the polarization along the 
pseudo-cubic [111]) [1]. While the largest 
ferroelectric polarization is displayed by pure 
PbTiO3, it has been observed that the 
ferroelectric susceptibilities, including the 
dielectric constant, electromechanical coupling 
constants, and piezoelectric coefficients, vary 
as a function of composition across the phase 
diagram and are maximized at the boundary 
between the tetragonal and the rhombohedral 
phases (Fig. 1.5, bottom panel). This 
compositional boundary marks a region of 
Fig. 1.5: Temperature-composition phase diagram (top 
panel) and the evolution of room-temperature dielectric 
response and electromechanical coupling factor (bottom 
panel) as a function of bulk PZT composition [1]. 
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structural instability and thereby high susceptibilities that are temperature insensitive, and 
commonly referred to as the morphotropic phase boundary (MPB) [1,33,35,36].  It is now 
understood that the apparent continuous-phase transitions through the MPB region from tetragonal 
to rhombohedral (disallowed by symmetry), are mediated by intermediate phases of monoclinic 
symmetry [37,38], and that the high electromechanical response in this region is related 
polarization rotation mechanisms associated with this phase transition [39,40,41]. Furthermore, 
recent high-pressure studies on pure PbTiO3 have revealed the presence of a rhombohedral phase 
at pressures exceeding 20GPa with intermediate MPB-like monoclinic phases that separate the 
tetragonal and rhombohedral phases in the intermediate-pressure regime of 10-20GPa [42]. These 
studies have led to the conclusion that the observation of MPB in solid solutions of PbTiO3 is a 
manifestation of the high pressure-induced MPB of pure PbTiO3 that has been tuned to exist at 
ambient pressure via chemical alloying (chemical pressure).  
Over the last few decades, considerable effort has been focused on developing lead-based 
ferroelectrics with increasingly complex chemistries including the development of relaxor-single 
crystal ferroelectrics like PMN-PT (PbMg1/3Nb2/3O3-PbTiO3) that have 10 times the 
electromechanical coupling coefficients of PZT based compounds [43]. While ultrahigh 
performance piezoelectrics with increasingly complex chemistries have been developed to 
revolutionize applications, their synthesis has become increasingly challenging and requires 
complicated and expensive synthesis routes. At the same time, these compositions contain more 
than 60% weight lead and are a matter on environmental concern. Subsequently, there has been a 
concerted effort towards development of lead-free piezoceramics that not only display MPB-like 
features and associated highly enhanced piezoresponse, but can also be easily manufactured 
[44,45,46]. 
1.4 Thin-Film Ferroelectrics 
Ferroelectrics in the thin-film form, on account of their nanoscale thickness and low power 
operation, are poised to replace their bulk counterparts in many modern ferroelectric applications 
[47]. While bulk ferroelectric perovskites (0.1-10 mm thick) have been extensively used as 
piezoelectric transducers and sensors for decades, their macroscopic dimensions and the 
requirement of enormous external switching voltages exceeding kilovolts make it impossible to 
integrate them as active elements in integrated circuits and micro-electro-mechanical systems 
(MEMS). The synthesis of ferroelectric materials in thin-film geometries has paved the way for 
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such an integration and has also provided a convenient platform for novel advanced applications 
including low power electron emission devices, electrocaloric cooling systems, phase-array radar, 
3-D trenched capacitors for DRAM devices [5]. The epitaxial growth of ferroelectric thin films on 
lattice mismatched single-crystal substrates allow the use of epitaxial strain as an additional knob, 
apart from composition and akin to pressure, to engineer phase and domain structures of 
ferroelectric materials and provides an enormous phase space for materials design [48,49,50].  
Modern thin-film growth technologies have paved way for the growth of high-quality ferroelectric 
thin films with unit cell control over film thickness as well as the synthesis of heterostructures and 
superlattices with atomically sharp interfaces. These developments have resulted in rapid advances 
in our understanding of the physics of ferroelectricity, including possibilities to artificially 
engineer ferroelectricity in materials at the nanoscale. 
1.4.1 Ferroelectric Thin Film Growth 
Researchers have been using a wide array of growth techniques including sputtering, metal-
organic chemical vapor deposition (MOCVD), molecular beam epitaxy (MBE), and pulsed laser 
deposition (PLD) to synthesize epitaxial ferroelectric thin films. RF magnetron sputtering of oxide 
targets using pure oxygen or a mixture of oxygen and argon has been often used to synthesize thin 
films of a wide array of ferroelectric perovskites such as PZT, BST, and BiFeO3 [15,16,51,52]. 
While sputtering processes provide advantages of uniform film growth over large areas and is 
suitable for large scale production, there exist several challenges associated with widely different 
sputtering yields of elemental species in the oxide target as well as the high density of 
bombardment-related defects that form in the films synthesized. MOCVD processes provide great 
flexibility for conformal growth of high quality, pin-hole free, stoichiometric epitaxial films of 
ferroelectric thin films over large areas and is preferred for large scale production [53,54]. The 
challenge, however, is the identification and careful tuning of metal-organic precursors chemistry, 
the need for complex gas handling systems with high levels of temperature control, and safety 
issues related to the toxicity of gas precursors that limits its use in a research environment. 
Researchers have therefore preferred MBE- and PLD- based growth techniques for the synthesis 
of complex oxide materials in the context of research and development [55,56,57,58]. MBE has 
been, for decades, the benchmark for high-precision growth and yields high-quality thin films with 
precise control of stoichiometry and thickness. In MBE growth of complex oxides, low energy (<1 
eV) thermalized beams of constituent metal atoms are evaporated in a reactive environment of 
12 
 
ozone or atomic oxygen onto single crystal substrates held at elevated temperatures and UHV 
background pressures to give extremely pure and defect-free films. However, the high cost of a 
good MBE system (exceeding a million dollars), and the requirement for ultrapure material and 
UHV operation limits flexibility with regards to growth of different material systems that in the 
same chamber.  PLD, on the other hand, is a very simple growth process, relatively inexpensive to 
set up. In PLD of complex oxides, a high power pulsed laser ablates a sintered ceramic or single 
crystal target in a reactive oxygen ambient with growth pressures as high as a few hundred 
millitorr. The high energy density of the incident laser vaporizes the target material to generate a 
plasma plume that condenses to form a film on a heated substrate that is held in the path of the 
plume. The highly energetic and far from equilibrium nature of the process is advantageous 
towards ensuring stoichiometric ablation of complex target compositions. Furthermore, one can 
grow multiple materials in the same PLD system by simply replacing targets, and, thus it is a high-
throughput technique enabling the exploration and rapid prototyping of a wide array of material 
systems. The slow growth rate per pulse in tandem with advanced in situ growth metrology 
techniques such as reflection high-energy electron diffraction (RHEED) [59] has now made it 
possible to achieve unit-cell level thickness control of films making it possible to synthesize exotic 
artificial superlattice structures with atomically sharp interfaces. Thus, in spite of limitations with 
regards to the large area film uniformity and scalability of this technique, it is widely popular with 
researchers and has played a very important role in the discovery of novel functionalities in 
complex oxide materials. In the remainder of the thesis, we focus on the development of lead-free 
thin film ferroelectric materials and have employed the versatility of PLD growth to synthesize 
thin films of several materials including prototypical ferroelectrics as BiFeO3 and BaTiO3 as well 
as ferroelectric heterostructure devices with conducting perovskites metals such as SrRuO3 and 
La0.5Sr0.5CoO3 as top and bottom electrodes for ferroelectric measurements. 
1.4.2 Strain Engineering in Ferroelectric Thin Films  
High quality, epitaxial ferroelectric thin films on single-crystal substrates have been 
routinely synthesized using advanced thin film growth and in situ metrology capabilities that have 
developed over the last decade. The simplicity of the thin-film geometry has great advantages as 
compared to bulk, polycrystalline counterparts and has enabled a systematic study of intrinsic 
ferroelectric responses in materials at low voltages, as well as the effect of extrinsic factors 
including the presence of interfaces (e.g., domain walls, surfaces, phase boundaries) and defects 
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on ferroelectric properties. The most important advantage over bulk ferroelectrics, however, is the 
fact that substrate-induced epitaxial strain can be used to greatly modify the stability of 
ferroelectric polymorphs and thereby dramatically control and engineer the responses in these 
materials. Subsequently, a range of complex oxide substrates and buffer-layers of perovskite oxide 
metals have been developed to enable the synthesis of epitaxial ferroelectric capacitor 
heterostructures with substrate-induced compressive or tensile strains to values as high as a few 
percent for ferroelectric materials including PZT, BST and BiFeO3 (Fig. 1.6) [50]. This has 
produced an array of spectacular results in the past decade such as strain induced enhancement of 
TC in BaTiO3 [60], strain induced ferroelectricity in SrTiO3 [61], substrate vicinality and electrode 
control of domain morphologies [62], and even new strain-induced ferroelectric phases [63].  
1.5 Statement of Thesis  
Over the last few decades, considerable attention has been given to the utilization of high-
performance and high-temperature compatible versions of the canonical ferroelectric system PZT, 
but growing concerns over the toxicity of lead are driving a rejuvenation of efforts towards the 
development of lead-free ferroelectrics such as BiFeO3, BaTiO3, and others. Towards this end, my 
work focuses on understanding and inventing new routes to enhance ferroelectric responses 
through strain control in epitaxial thin films of these lead-free materials. For this work, I have 
focussed on two prototypical ferroelectric lead-free perovskites: BiFeO3 and BaTiO3. 
Fig. 1.6: A number line showing the pseudocubic a-axis lattice constants of some ferroelectrics and commercially 
available perovskite substrates for the growth of epitaxial thin films [50]. 
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My interest in the BiFeO3 system stems from recent work on BiFeO3 that showed the 
formation of exotic structural polymorphs and complex mixed-phase structures with a highly 
enhanced electromechanical responses in highly compressively strained versions of this material 
[63]. The mixed-phase coexistence in these films are akin to those in MPB-compositions of lead-
based ferroelectrics, with potentially similar mechanisms for the origin of these effects and the 
observed enhancement in responses. In order to optimize such strain-induced mixed phase 
formation in BiFeO3 for advanced applications as well as identify other potential ferroelectric 
systems that can demonstrate such effects, it is necessary to understand the origin of these 
observations at the nanoscale. For this, I combined epitaxial thin-film growth and detailed 
investigations of the nanoscale structure and topography of these materials using temperature- and 
field-dependent high-resolution X-ray Diffraction (XRD) and scanning probe-based techniques. 
Based on these experiments, I was able to develop a complete picture of the distribution of various 
phases present in these complex mixed-phase structures as well as the reversible electric field-
induced structural transformations that were responsible for the large electromechanical effects 
observed. I identified, for the first time, the presence of monoclinic distortions and intermediate 
phases necessary to allow such transformations that had not been previously observed. From there, 
I worked to understand the origins of mixed-phase formation by mapping out the nature of 
nanoscale phase separation in these films as a function of thickness and temperature that 
illuminated the presence of a strain-induced spinodal instability between the various structural 
polymorphs of BiFeO3, and then explored doping-based routes to further enhance such effects in 
these materials. In all, my work has greatly advanced the understanding of these complex and 
technologically exciting structures present in highly strained BiFeO3 thin films and has provided 
new strain-based pathways to engineer mixed phase structures and enhanced piezoresponses in 
thin film ferroelectrics. 
The second half of my thesis focuses on new strain-based approaches to engineer 
ferroelectric responses in BaTiO3 and BST-based thin films. Over the last decade, researchers have 
demonstrated that a few percent of epitaxial compressive strain can increase the TC of BaTiO3 by 
a few hundred degrees.[60] Such conventional epitaxial strain-based approaches, however, are 
limited by the magnitude of strain that can be applied and the thicknesses that can be achieved 
before film relaxation. To overcome these limitations, I have developed a new direction in epitaxial 
strain control involving the coupling between epitaxial strain and engineered defect-structures that 
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produce anisotropic lattice deformations and enhanced strain states in materials. My work suggests 
that epitaxial strain can be used to control the ordering of defect structures inducing deterministic 
additional out-of-plane strains that greatly enhance the TC of BaTiO3 thin films to temperatures as 
high as 800°C without any need to change substrates. This is especially exciting since this is 
achieved without any degradation of the polarization or leakage properties. This is made possible 
by new insights from my research that relates the energetics of the growth process to film 
chemistry, defect structures, and properties in materials. Such a combined control of epitaxial 
strain and engineered defect-structures to control ferroelectricity in materials opens up a new 
paradigm in strain control of materials and properties. 
The final part of my thesis focusses on a novel combination of compressive epitaxial strain and 
a controlled composition-gradient across the thickness in BST thin films to engineer a state where 
the in-plane dimensions of the oxygen octahedra (responsible for ferroelectricity in these 
materials) are held constant by the substrate while the out-of-plane dimension is linearly tuned as 
a function of composition, thereby, creating an effective out-of-plane strain gradient and associated 
polarization gradient in the film. Here, we explore the possibility of using spatial gradients in 
composition and strain to engineer enhanced dielectric responses with excellent temperature 
stability over a wide temperature range for use in next-generation microwave devices. Preliminary 
measurements for the temperature-dependence of dielectric susceptibility for epitaxial 
monodomain graded-BST films grown on GdScO3 (110) substrates with highly controlled 
composition- and strain- gradients have revealed high values of dielectric permittivity (εr ~750) 
that is stable over a wide temperature range (25-350°C). Furthermore, by comparing our 
measurements with those from advanced GLD-based models for graded ferroelectric films, we 
comment on the role of composition gradient, flexoelectric (strain-gradient) and depolarization 
effects that are important for the observed responses. 
Overall, in my thesis I have explored three new modalities of strain engineering in 
ferroelectric thin films: 1) The use of strain to stabilize metastable phases and mixed phase 
structures for enhanced piezoresponse in ferroelectric materials, 2) The use of epitaxial strain to 
align engineered defects that result in additional anisotropic lattice deformation in the bulk of 
ferroelectric thin films resulting in highly enhanced strain states and property enhancements, and 
3) A combination of epitaxial strain and composition-gradients to engineer enhanced dielectric 
16 
 
responses with excellent temperature stability that is required for next generation microwave 
applications. 
1.6 Organization of Thesis 
The remainder of this dissertation consists of six chapters, four appendices, and a section 
for references. 
In Chapter 2, we explore the growth of two lead-free ferroelectrics, namely BiFeO3 and 
BaTiO3 on low lattice mismatched substrates using PLD. We present a detailed study of the growth 
optimization for the two ferroelectric thin film systems with regards to structure and film 
stoichiometry, and also introduce the basics of electrical, thermal and scanning probe-based 
measurements that have been employed in the rest of the thesis. 
In Chapter 3, we experimentally investigate the intricate nanoscale spatial arrangement of 
metastable mixed-phase structures that form in highly compressively strained BiFeO3 thin films 
via detailed characterization of the phase- and surface- structure of these films using a combination 
of high resolution XRD and scanning probe-based techniques. We also present bias-induced 
nanoscale swithching among the various phases present  using piezoresponse force microscopy 
(PFM) that shed light on the mechanism for highly enhanced piezoresponses that have been 
reported in these films. 
In Chapter 4, we provide detailed temperature- and thickness-dependent studies of the 
evolution of metastable phases in highly strained BiFeO3 films to trace the origins of such complex 
mixed phase formation. We also present “chemical pressure” based alloying strategies that enable 
the stabilization of these technologically significant mixed phase structures with highly enhanced 
electromechanical responses to greater thicknesses. 
In Chapter 5, we demonstrate a new route to engineering strain in materials involving the 
use of chemical strain from growth-induced defect dipoles in combination with substrate-induced 
compressive epitaxial strain to engineer tunable, high temperature ferroelectricity in BaTiO3 thin 
films to temperatures exceeding 800°C. We also present detailed measurements of the effect of 
defect-related strain of the temperature-dependent evolution of ferroelectricity in these films and 
compare the results to predictions from phenomenological Ginzburg-Landau-Devonshire (GLD) 
models.   
In Chapter 6, we utilize epitaxial strain in conjunction with a controlled gradient in 
chemical pressure (achieved by linearly varying the Ba:Sr ratio) across the thickness  of BST films 
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to generate composition- and strain- gradients in these materials. We then investigate the role of 
gradient effects towards engineering enhanced dielectric responses that are stable over a wide 
temperature range, and also compare them with predictions from GLD-based models. 
In Chapter 7, I summarize the findings of the work and outline future work that could be 
pursued after this thesis based on my overall findings. 
The main text is supplemented by two Appendices that include additional and supporting 
details of the main text. Appendix A introduces the PFM technique, showing the experimental 
setup and procedure for imaging ferroelectric order in materials. Appendix B provides details of 
the GLD model utilized to study the role of defect-related strain in coherently strained epitaxial 
BaTiO3 thin films. 
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CHAPTER 2 
GROWTH AND CHARACTERIZATION OF LEAD-FREE 
FERROELECTRIC THIN FILMS USING  
PULSED LASER DEPOSITION 
 
In this chapter, we begin with a discussion of the pulsed laser deposition process, followed 
by a brief description of the experimental setup and the growth parameters that were used to 
synthesize the various epitaxial thin-film heterostructures that have been studied in this 
dissertation. We explore two lead-free ferroelectric thin-film systems: BiFeO3 (also a room 
temperature multiferroic) and BaTiO3, as we study their structural, chemical, topographical, and 
ferroelectric properties for films grown on low misfit-strain substrates. We present a detailed study 
of the growth and characterization for the two ferroelectric thin-film systems with regards to 
structure and film stoichiometry, and also introduce the basics of electrical, thermal, and scanning 
probe-based measurements that have been employed in the rest of the thesis. 
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2.1 Introduction 
In Chapter 1, we briefly reviewed various thin-film growth techniques that have been used 
in the synthesis of epitaxial complex oxide thin films. Of these, PLD has emerged as the technique 
of choice with several advantages related to the low set-up cost as well as the versatility it offers 
to synthesize a wide range of oxide material systems. It was the synthesis of high TC 
superconductors via PLD in the late 1980’s [64], followed by several pioneering works on oxide 
ferroelectrics [65,66] in the early 1990’s that initially brought PLD growth to the mainstream. 
Since then, major advancements over the last few decades including the integration of in situ 
growth monitoring capabilities such as RHEED and others, has transformed PLD to a sophisticated 
thin-film growth technique that routinely enables the growth of high-quality epitaxial thin films 
with unit-cell level control of thickness, and even the growth artificial superlattices and 
nanostructures [55,57]. However, despite the relatively easy set-up for a PLD system, the actual 
growth involves highly energetic and complex processes including laser-ablation, plume formation 
and propagation, plasma chemistry, as well as the out-of-equilibrium thin-film growth process that 
occurs at the substrate surface [67,68,69]. Consequently, careful control of PLD growth parameters 
are required to carefully tune the structure, crystallinity, stoichiometry and morphology of 
materials [69,70,71,72]. This is particularly important for ferroelectric materials as it is well known 
that any of these factors can have a significant impact on the ferroelectric properties [18,71]. 
Therefore, in this chapter, we begin with a description of the PLD set-up in our laboratory, 
followed by a brief description of the protocol involved in setting up a growth experiment. We 
then move on to describe the growth parameters that we used for the growth of ferroelectric thin 
films of BiFeO3 and BaTiO3, including detailed characterization of the structure, chemistry, 
morphology, domain architecture, and ferroelectric properties of these films to demonstrate our 
ability to synthesize high-quality versions of these materials. In particular, we focus on the PLD 
growth of epitaxial (001)-oriented thin films of lead-free ferroelectrics on single crystal perovskite 
substrates that provide a low lattice mismatch to the film overlayers, and compare them in the 
framework of existing experimental and theoretical studies done on these systems. The optimized 
growth parameters and the characterization techniques described in this chapter lay the foundation 
for the remainder of the thesis that aims at innovating new strain based strategies to engineer 
enhanced ferroelectric performance in these lead-free materials. 
20 
 
2.2 PLD Setup for Thin Film Growth 
All thin film ferroelectric heterostructures studied in this dissertation were grown via PLD 
using a KrF excimer laser (Lambda Physik LPX205i, λ = 248 nm). The growth experiments were 
conducted in a vacuum chamber that is equipped with a target holder and substrate heater (Fig. 
2.1). Prior to growth, the substrates are ultrasonicated for five minutes each in acetone and 
isopropanol, mounted on to the heater using silver paint (Leitsilber 200 silver paint from Ted Pella, 
Inc.), and allowed to cure at 60°C for fifteen minutes. Targets of the desired composition are 
sanded, cleaned, and mounted on the target rotator assembly. An on-axis growth geometry with a 
target-substrate distance of 6 cm is used for all depositions. The chamber is pumped down to a 
base pressure of at least 5E-6 Torr following which it is backfilled with oxygen (99.995% pure) to 
the desired deposition pressure using a variable leak valve. The substrate is then heated to the 
growth temperature at a ramp rate of 20°C per minute. Depositions are typically conducted at laser 
repetition rates between 1 - 20 Hz with energy densities ranging from 0.6 - 3 J/cm2 depending upon 
target material, its density, and the desired growth rate. Prior to deposition, the target is pre-ablated 
to ensure that the target surface had reached steady state prior to growth. Following growth, the 
chamber is filled with 760 Torr of oxygen to promote complete oxidation of films and is cooled at 
5°C/min. to room temperature. The growth variables involve several parameters including 
Fig. 2.1: Schematic of the pulsed-laser deposition system used for the deposition of complex oxide thin films 
used in this study. 
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substrate temperature, chamber pressure, laser fluence, and laser repetition rates that have been 
optimized for the thin-film systems under study and are described in the sections that follow. 
2.3 BiFeO3 
2.3.1 Introduction and Background 
BiFeO3, in the bulk at room temperature, is a rhombohedrally distorted perovskite 
exhibiting antiferromagnetism that is coupled with ferroelectric order [73,74]. It is one of the few 
single-phase multiferroics (presence of coupled magnetic and electric order parameter), and has 
been the center of intense scientific studies due to its lead-free nature, large ferroelectric 
polarization, and room temperature multiferroism [75]. Significant advances have been made over 
the last decade towards understanding ferroelectricity and magnetism in BiFeO3, as well as the 
nature of the coupling between these order parameters in both bulk and thin film form. The room 
temperature structure of BiFeO3 is characterized by two distorted perovskite blocks connected 
along their body diagonal or the pseudocubic <111>, to build a rhombohedral unit cell (Fig. 2.2a). 
Through this text we will refer to the structure of BiFeO3 using the pseudocubic Miller indices. In 
this structure the two oxygen octahedra of the cells connected along the <111> are rotated 
clockwise and counterclockwise about the <111> by +/-13.8(3)° and the Fe-ion is shifted by 
0.135Å along the same axis away from the oxygen octahedron center position. The ferroelectric 
Fig. 2.2: (a)-(c) Crystal structure of rhombohedral BiFeO3 viewed from (a) the [110], (b) the [111]-polarization 
direction, and (c) a general three-dimensional view of the structure. d) The magnetic structure of BiFeO3 is shown 
including G-type antiferromagnetic ordering and the formation of the weak ferromagnetic moment. Figures 
adapted from ref. [74]. 
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state is realized by a large displacement of the Bi-ions relative to the FeO6 octahedral (Fig 2.2a, b, 
and c) [76,77].  It possesses robust ferroelectric properties with a spontaneous polarization of ~100 
μC/cm2 [78,79,80] along the <111> direction and a high Curie temperature of 1103 K [81]. It is 
also a G-type antiferromagnet (Fig. 2.2d) with a Néel temperature of 643 K as demonstrated by 
early neutron diffraction studies [82]. However, the spins between adjacent {111} are not perfectly 
antiparallel, as there is a weak canting moment caused by the local spin-orbit interaction, which is 
of a similar form to the Dzyaloshinski-Moriya interaction that results in the spin canting producing 
a weak ferromagnetic moment [83,84]. The high ferroelectric and magnetic ordering temperatures, 
robust ferroelectric properties, and its appeal as a “lead-free” ferro/piezoelectric material has 
attracted great attention towards BiFeO3 thin film based devices. Additionally, over the last 
decade, researchers have demonstrated the ability to control and create periodic domain structures 
in BiFeO3 thin films that could give rise to interesting photonic devices [85], offer new pathways 
for nanolithography [86], as well as new devices that take advantage of novel functionalities such 
as conductivity at ferroelectric domain walls [87]. Very recently, researchers discovered exiting 
strain-induced phase transitions and MPB-like features in BiFeO3 thin films that has further fuelled 
the excitement towards the study of thin films of BiFeO3 [63]. While this newly discovered phase 
of BiFeO3 forms the focus of a portion of this dissertation, to begin with, in this chapter we 
demonstrate our ability to synthesize the conventional rhombohedral versions of BiFeO3 with 
excellent, structural, chemical, and ferroelectric properties. In order to measure the ferroelectric 
properties of these films, we use SrRuO3, a perovskite oxide metal with orthorhombic unit cell and 
a pseudocubic lattice constant of 3.93 Å that is lattice matched to rhombohedral BiFeO3 [88].  The 
use of SrRuO3 is advantageous given its excellent chemical compatibility with perovskite oxide 
ferroelectrics and the presence of space charge free interfaces that result in excellent ferroelectric 
performance including large switchable polarization and superior fatigue endurance [88,89,90,91]. 
2.3.2 PLD Growth of BiFeO3 on Low Misfit Strain Substrates 
Epitaxial thin-film heterostructures of BiFeO3/SrRuO3 were grown via PLD on a number 
of commercially available perovskite single crystal substrates (Crystec GmbH, Berlin) including 
SrTiO3 (001), DyScO3 (110), and GdScO3 (110) that provide lattice mismatches of -1.5%, -0.4%, 
and 0.05%, respectively, relative to the pseudocubic lattice parameter of BiFeO3. To begin with, 
the substrates were heated up to a temperature of 635°C in 100 mTorr oxygen followed by the 
growth of the epitaxial bottom electrode layer using a commercial SrRuO3 target (Praxair) and a 
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laser fluence of 1.5 J/cm2 at a laser repitition rate of 14 Hz and yielded films that are, typically, 
30-40 nm in thickness. The SrRuO3-buffered substrates were then ramped up to a temperature of 
700°C for BiFeO3 growth. Home-made Bi1.1FeO3 targets with 10% excess bismuth were used to 
account for its volatility at the growth temperature. The laser fluence and repetition rate were 
maintained at 1.3 J/cm2 and 10 Hz, respectively, for the BiFeO3 layer resulting in an effective 
growth rate of ~0.25 Å/s. Furthermore, in order to assure uniform deposition and appropriate 
chemistry, no single target was used to deposit more than 75 nm of material.  
Following growth, detailed structural characterization was completed for all films using X-
ray diffraction. Wide range θ-2θ diffraction patterns for BiFeO3 / SrRuO3 heterostructures grown 
on GdScO3 (110), DyScO3 (110), and SrTiO3 (001) substrates (top-to-bottom, Fig. 2.3a) reveal 
that all films are epitaxial and single-phase. The BiFeO3 peak for films grown on GdScO3 (110) 
substrates is seen only on zooming in onto the 002-diffraction condition (Fig 2.3a, inset) due to 
the close lattice match between BiFeO3 (3.965 Å) and GdScO3 (3.967 Å). Chemical composition 
studies were also carried out for films grown on SrTiO3 substrates using Rutherford backscattering 
spectrometry (RBS) and was performed with an incident ion energy of 2000 keV, incident angle 
Fig. 2.3: (a) θ-2θ X-Ray scans of 140 nm thick BaTiO3/SrRuO3 heterostructures grown on NdScO3 (110), GdScO3 
(110) and DyScO3 (110) oriented substrates revealing single phase films, (b) RBS measurements for 
BiFeO3/SrRuO3/SrTiO3 (001) heterostructure, and (c) Zoom-in of θ-2θ X-Ray scans for BiFeO3/SrRuO3/SrTiO3 
showing Laue oscillations for BiFeO3 and SrRuO3 layers. 
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α = 22.5°, exit angle β = 52.5°, and a scattering angle θ = 150° (Fig. 2.3b). The fits reported here 
were completed using the built-in fitting program in the RBS analysis software SIMNRA 
(simnra.com). The studies reveal that the films possess a [Bi]/([Bi]+[Fe])  ratio of 49.8% and are 
nominally stoichiometric within error of the measurement technique (1-2%). Furthermore, the 
RBS fits yield a thickness of 140 nm for the BiFeO3 layer and a thickness of 40 nm for the SrRuO3 
layer, that matches with thickness estimates based of Laue oscillations seen from the XRD scans 
(Fig. 2.3a). Laue oscillations around the diffraction peaks are characteristic of films of the high 
crystalline quality that possess a smooth topography for the surface as well as other interfaces. 
These fringe oscillations also allow us to determine the film thickness (t) and is calculated as: 
𝑡 =
(𝑖−𝑗)𝜆
2(sin 𝜃𝑖−sin 𝜃𝑗)
~
𝜆
2∆𝜃 cos 𝜃
  (2.1) 
where, λ is the wavelength of X-ray; i, j is fringe index and 2∆𝜃is the fringe interval. Presence of 
Laue oscillations is easily seen in the zoomed in theta-2thetal line scans for the 
BiFeO3/SrRuO3/DyScO3 (110) heterostructures (Fig. 2.4c).  Using (1) the film thicknesses are 
determined as 138 nm for the BiFeO3 and 44 nm for SrRuO3. For brevity sake, we focus only on 
the BiFeO3 films grown on DyScO3 substrates for further characterization studies. In the sections 
that follow, we seek to demonstrate our ability to controllably produce high quality ferroelectric 
thin films of BiFeO3, and also to familiarize the reader with characterization techniques that will 
used to investigate structure-property-functionality relationships throughout this dissertation. 
2.3.3 Structural Studies using X-ray Reciprocal Space Maps 
 Additional insights into the epitaxial nature and crystal structure of the synthesized films 
including in-plane epitaxial relationship and lattice parameters, the presence of domain variants 
and crystallographic tilts, strain relaxation in thin films and more can be studied using high-
resolution X-ray reciprocal space maps (RSM). RSMs comprise of a series of line ω-2θ X-ray 
scans to form a 2D map around various film/substrate diffraction conditions. The angular space 
can then be converted to reciprocal space using the relationships: 
𝑄// = ~
4𝜋
𝜆
sin 𝜃 cos(𝜔 − 𝜃) ;  𝑄⊥ = ~
4𝜋
𝜆
cos 𝜃 sin(𝜔 − 𝜃)  (2.2) 
In the case of (001)-oriented BiFeO3 films, the rhombohedral ferroelectric distortion results in four 
possible structural variants (Fig. 2.4a) that are equally likely to form for growth on cubic (001)-
oriented substrates. While all these variants have the same out-of-plane lattice parameter and 
consequently the same diffraction peak position for on-axis symmetric scans such as that for a 00l- 
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diffraction condition (Fig. 2.4b, schematic RSM with units in reciprocal lattice units of BiFeO3 
and showing single film peak at the 003-diffraction condition). Under asymmetric scan conditions, 
the peak positions differ for the different variants and can provide insights into the nature of the 
distortions present in the domain variants. For instance, in the case of BiFeO3, a h0l-diffraction 
conditions would split into two peaks, one corresponding to variants r2 and r3, and the other 
corresponding to variants r3 and r4 (Fig. 2.4b, schematic RSM showing expected peak splitting in 
BiFeO3 for the 103- and 013-diffraction conditions). Upon analyzing the RSMs for BiFeO3 films 
grown on the orthorhombic DyScO3 (110) substrates (Fig. 2.3c and d) we observe no peak 
corresponding to the r1 and r2 
variants around the 013-psedocubic 
diffraction condition indicating an 
absence of these variants. Only the 
r3 and r4 variants are present and are 
consistent with previous reports of a 
2-variant stripe domain structure of 
BiFeO3 films grown on 
orthorhombic scandate substrates 
[92,93]. It is also seen from the 
RSMs (Fig. 2.4 c and d) that the 
103- and the 013-film peaks have 
the same Qx value as the 332- and 
420- substrate peaks indicating that 
the films possess the same in-plane 
lattice parameters as the substrate 
and therefore coherently strained. 
2.3.4 Domain Architecture Studies via Piezoresponse Force Microscopy  
   The presence of only two domain variants two (r3 and r4) was observed in RSM studies 
for the BiFeO3/SrRuO3/DyScO3 (110) heterostructure films. In order to understand the nanoscale 
spatial arrangement of these domains we conducted piezoresponse force microscopy (PFM), 
another key characterization technique that is used extensively throughout this dissertation to 
characterize ferroelectric order in materials (details provided in appendix A). PFM measurements 
Fig. 2.4: (a) Schematic of four different structural variants (r1, r2, r3 
and r4) of rhombohedral BiFeO3 films possible in 001-oriented films, 
(b) peak location for the 003-, 103-, and 013- diffraction condition 
for the different variants, and RSM around the  (c) 103- and (d) 013-
diffraction condition for the BaTiO3/SrRuO3/DyScO3 (110) 
heterostructure film. 
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were conducted using a commercial atomic force microscope (AFM) (Cypher, Asylum Research). 
The measurement involves the application of a small signal AC bias using a conductive AFM tip 
to locally measure the piezoresponse of samples during contact mode AFM scans during which 
images of the surface topography, lateral and vertical piezoresponse are simultaneously obtained. 
PFM studies of the BiFeO3/SrRuO3/DyScO3 (110) heterostructures reveal a surface topography 
with atomically flat terraces (Fig. 2.5a) that are separated by a one unit cell step heights making 
the film extremely smooth (RMS roughness ≈ 3 Å over a 5 x 5 μm area). The vertical (out-of-
plane) PFM image (Fig 2.5b) of the same area shows a uniform contrast and corresponds to a 
common downward pointing polarization for all variants present, and is in tune with what is 
expected for BiFeO3 thin films grown on a bottom SrRuO3 electrode [94]. The lateral (in-plane)  
PFM image (Fig. 2.5c) reveals two distinct contrast, and in combination with the OOP PFM images 
are indicative of the presence of only two domain variants (as suggested by RSM studies). It is 
also seen that each domain at an average is about 125 nm wide and they form a stripe-like pattern 
of domains separated by 71° domain walls that run along the in-plane orthorhombic [110] of the 
DyScO3 (110) substrate. Such ordered domain architectures in BiFeO3 thin films have been 
demonstrated previously with contributions from several parameters including electrostatic 
boundary conditions, substrate vicinality, choice of anisotropic substrates, and substrate 
orientation [62,92,95,96,97]. Our results are consistent with these studies and further demonstrate 
our ability to synthesize high quality epitaxial thin films of BiFeO3. Furthermore, these studies 
also demonstrate the use of PFM as a versatile tool to characterize and understand the domain 
structure of such ferroelectric materials. In addition to simple imaging, PFM also enables local 
ferroelectric switching studies [98], and has been employed in Chapter 5 to understand the 
Fig. 2.5: (a) Topography, (b) Lateral PFM and (c) Vertical PFM images revealing an atomically flat topography 
and a two-variant stripe 71° domain wall structure for the BaTiO3/SrRuO3/DyScO3 (110) heterostructure film. 
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switching behavior and the origin of highly enhanced electromechanical responses that have been 
observed in mixed-phase structures that form in highly compressively strained BiFeO3 films.  
2.3.5 Ferroelectric and Dielectric Characterization 
The structural, chemical, and piezoresponse studies conducted so far demonstrate the high 
quality of these BiFeO3 films that is also reflected in their ferroelectric and leakage characteristics. 
P-E hysteresis loops are sharp and square without any evidence of leakage, and yield a 2Pr value 
of 130 μC/cm2 (Fig. 2.6a). Such values are consistent with previously measured values for BFO 
and theoretically predicted values for (001)-oriented films. Furthermore, current-voltage (I-V) 
measurements (Fig. 2.6b) reveal highly symmetric I-V curves and the low leakage performance.  
In our studies so far, we began with a description of the growth parameters for the synthesis 
of (001)-oriented BiFeO3 thin films. We have then focused specifically on films grown on DyScO3 
(110) substrates and have explored the use of a combination of X-ray diffraction, scanning probe-
based studies, and ferroelectric measurements to study the structure, domain architecture, and 
ferroelectric properties of the film, while simultaneously demonstrating our capability to 
synthesize high quality films of BiFeO3. Next, we move on to study the growth, structure and 
ferroelectric properties of BaTiO3, the second lead-free ferroelectric system studied in this 
dissertation. 
 
Fig. 2.6: (a) Ferroelectric hysteresis loops, and (b) current-voltage (I-V) data for a 140 nm thick BaTiO3 film  on 
an SrRuO3 buffered DyScO3 (110) substrate. 
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2.4 BaTiO3 
2.4.1 Introduction and Background 
BaTiO3 is the first ceramic ferroelectric known to man and was discovered in the early 
1940’s. Even today, it is widely used in the manufacture of a variety of electroceramic components 
manufacture including multilayer ceramic capacitors (MLCCs), positive temperature coefficient 
(PTC) thermistors, and a variety of electro-optic devices. Over the years, BaTiO3 has been used in 
a wide variety of applications in various forms of crystals, bulk ceramics, multilayers, and thin 
films [99]. Bulk BaTiO3, at room temperature, has a tetragonally distorted perovskite structure, 
with space group P4mm and lattice constants a = 3.992 Å and c = 4.036 Å ferroelectric polarization 
of Pr = 26 µC/cm
2 along the [001]. The tetragonal phase is stable in the temperature range 5°C < 
T < 120°C (TC). Below 0°C, BaTiO3 remains ferroelectric but the structure changes from tetragonal 
to orthorhombic (mm2) with a polarization along the pseudocubic [011]. A third phase transition 
occurs at -70°C, below which the structure is rhombohedral (R3m) with a ferroelectric distortion 
along the pseudocubic [111]. Above TC, bulk BaTiO3 has a nonpolar, centrosymmetric cubic 
structure (Pm3̅m). While BaTiO3 was the first piezoelectric transducer ceramic ever developed, its 
relatively low Tc has resulted in it being almost entirely replaced by lead-based ferroelectrics in 
tranducer-based and many other applications, especially those requiring high-temperature 
operation [4]. However, researchers have demonstrated just about a decade ago, that just a percent 
of epitaxial compressive strain in thin films of BaTiO3 can increase the TC by several hundred 
degrees with simultaneous enhancements in ferroelectric polarization [60]. This makes strained 
BaTiO3, in the thin-film form, a strong candidate for replacement of lead-based ferroelectrics in 
several high-temperature applications. Therefore, in Chapter 5 and 6 of this dissertation, we have 
explore new strain-based strategies involving a combination of epitaxial strain and defect-
engineering to further control the temperature dependent ferroelectric properties of thin films of 
BaTiO3. Nevertheless, in this chapter, we focus on aspects of PLD growth to achieve 
stoichiometric versions of BaTiO3 thin films with minimal defect related lattice expansion, 
followed by a characterization of chemical, structural, and ferroelectric properties. 
2.4.2 PLD Growth and Characterization of BaTiO3 Thin films 
 Recent work by Kan et al. [71] on the PLD growth of BaTiO3 thin films have revealed a 
strong dependence of laser fluence on film stoichiometry and ferroelectric properties. It is therefore 
29 
 
important to be able to produce ideal defect-free films and also accurately characterize and quantify 
any deviations from the ideal state that could alter its ferroelectric responses. For this, we have 
conducted a systematic study to optimize the PLD growth parameters to synthesize near ideal 
BaTiO3 thin films. Growths were carried out on NdScO3 (110) single crystal substrates 
(corresponding to a low tensile lattice mismatch of 0.08% with the pseudocubic lattice parameter 
of BaTiO3) at a growth temperature of 600°C, a background oxygen pressure of 20 mTorr, and the 
laser fluence was varied from 0.6 to 2.5 J/cm2. XRD studies (Fig. 2.7a) focusing on the impact of 
the laser fluence reveal well defined high-intensity film peaks for fluences in excess of 1.5 J/cm2.  
However, higher fluences result in films with expanded out-of-plane lattice parameters indicative 
of the presence of defects in films. Thermal conductivity measurements are known to be a sensitive 
probe for defects as it is known that increased disorder from defects can greatly enhance phonon 
scattering rates and thereby dramatically reduce thermal conductivity in these materials [69,100]. 
Thermal conductivity was probed for these films using time-domain thermoreflectance (TDTR) 
[101,102]. It is seen that the film grown at 1.5 J/cm2 shows negligible out-of-plane lattice 
expansion as well as one of the highest thermal conductivity value of ~2.4 Wm-1K-1 (Fig. 2.7b). 
Furthermore, RBS studies 
(Fig.2.7c) of films grown 
at 1.5 J/cm2 reveal 
stoichiometric films with a 
[Ba]/([Ba]+[Ti]) ratio of 
0.5. All these studies, 
indicate that the laser 
fluence of 1.5 J/cm2 is 
optimal for the synthesis of 
near ideal BaTiO3 thin 
films. Additional studies of 
structure, chemistry, and 
the impact of fluence on 
ferroelectic properties for 
films grown at laser 
fluences of 1.5 J/cm2 and 
Fig. 2.7: (a) θ-2θ X-Ray scans of BaTiO3/NdScO3 (110) heterostructures 
grown on over the fluence range of 0.6 -2.5 J/cm2, (b) out-of-plane (c) lattice 
parameter and thermal conductivity (Λ) of films as a function of fluence, and 
(c) RBS of a 125nm BaTiO3/SrTiO3 film grown at a fluence of 1.5 J/cm2 
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higher discussed at length in Chapter 5. Nevertheless, these studies reveal that fluence used in PLD 
growth condition can have dramatic impacts on the structure and properties of epitaxial BaTiO3 
thin films. 
2.5 Conclusions   
We have shown that pulsed laser deposition can be used to grow high-quality epitaxial thin 
films of BiFeO3 on a variety of single crystal oxide substrates with lattice matched SrRuO3 as a 
bottom electrode. We have also conducted structural, chemical and ferroelectric studies to 
demonstrate the excellent quality of the films synthesized. At the same time we have introduced 
several characterization techniques including XRD, RBS, RSM, and PFM that will be extensively 
utilized for investigating structure-property relationships throughout this dissertation. In the case 
of PLD growth of epitaxial BaTiO3 thin films, we have shown that laser fluence can markedly 
impact the quality of these films. It is seen that lower fluence films possess poor crystallinity while 
higher fluence films demonstrate large lattice parameter expansions, both resulting in poor thermal 
properties of these films. Using a combination of XRD, RBS, and TDTR-based thermal 
conductivity measurements, we have narrowed down to an optimum fluence condition of 1.5 J/cm2 
for the growth of epitaxial BaTiO3 thin films. In summary, this chapter lays the ground work for 
the PLD growth as well as various characterization techniques that are important for the research 
presented in the remainder of this dissertation. 
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CHAPTER 3 
HIGHLY COMPRESSIVELY STRAINED BiFeO3: 
NANOSCALE STRUCTURE AND MECHANISM FOR 
ENHANCED ELECTROMECHANICAL RESPONSES 
 
In this chapter we explore the role of large, compressive epitaxial strain in stabilizing novel 
metastable phases in BiFeO3 that are not present in the bulk at any temperatures. Previous work 
on epitaxial thin films of these materials, had shown that large compressive strains, exceeding 
4.5%, can drive the formation of exotic mixed-phase structures that are accompanied by highly-
enhanced piezoresponses. We present experiments involving a combination of highly controlled 
epitaxial thin-film growth followed by detailed investigations of the phase- and surface- structure 
using high resolution XRD and scanning probe-based techniques that unravel the complex 
structure of the various phases present in the mixed-phase films including their intricate nanoscale 
spatial arrangement. We finally conclude this chapter with detailed PFM-based nanoscale 
switching studies which reveal the ability of the various phases present to reversibly transform 
from one to the other under applied electric fields is responsible for the large reversible electric 
field induced strains observed in these films. 
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3.1 Introduction 
In Chapter 1, we discussed various chemistry-based strategies employed for tuning 
ferroelectric and piezoelectric susceptibilities in materials. In particular, we saw that state-of-the-
art piezoelectric materials have generally been based on perovskite materials with complex lead-
based chemistries including PZT, PMN-PT and others, with special attention being given to these 
complex materials due to the presence of a compositionally driven MPB between tetragonal- and 
rhombohedral-polymorphs that give rise to significantly enhanced piezoelectricity in these 
materials [1,33,43]. Traditionally, it has been observed that MPBs result from chemically-induced 
structural instabilities and thus are often observed in mixed perovskites such as PZT at x = 0.52 
and PMN-PT at x = 0.33. However, it has been recently shown that MPB-like features can also 
exist in chemically simple materials that are appropriately strained [42,63,103]. This includes the 
demonstration of a strain-induced structural phase transition in BiFeO3 under conditions of 
compressive epitaxial strain exceeding 4.5% that gives rise to the formation of MPB-like mixed 
phase structures and highly enhanced electromechanical responses (reversible electric-field 
induced strain as large as 4-5%), making it a promising alternative for future high performance 
lead-free piezoelectrics [63,104]. While in Chapter 2, we discussed  the PLD growth and 
characterization of BiFeO3 thin films on low lattice mismatched substrates including DyScO3 
(110) and GdScO3 (110) that yielded films with classic stripe-like 109° and 71° domain walls 
typical of rhombohedral ferroelectrics, in this chapter we will focus on films grown on highly 
compressive LaAlO3 (001) substrate where the aforementioned complex strain-induced phase 
boundaries and enhanced electromechanical responses have been reported. Using highly-
controlled epitaxial thin film growth, X-ray reciprocal space mapping (RSM), high-resolution 
atomic force microscopy (AFM), and piezoresponse force microscopy (PFM) we present a detailed 
study of the nanoscale structural evolution at these strain-induced phase boundaries including the 
observation of previously unreported phase complexity at these boundaries and propose a 
mechanism for the observed enhanced electromechanical responses. 
3.2 Prior Studies on Phase Stability of Strained BiFeO3 
As early as 2005, the structural stability of the parent rhombohedral phase of BiFeO3 had 
been the focus of theoretical studies [105,106]. Although the parent ground state is a 
rhombohedrally distorted perovskite (R3c), a tetragonally distorted perovskite phase (P4mm 
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symmetry, a ~ 3.665 Å, and c ~ 4.655 Å) with a large spontaneous polarization has also been 
explored [105,107,108]. More recently Zeches et al. [63] reported the observation of so-called 
mixed-phase thin-films possessing tetragonal-like and rhombohedral-like phases in complex 
stripe-like structures and enhanced electromechanical responses. Since this report, additional 
information has come forth about these materials including the fact that the so-called tetragonal-
like phase (hypothesized to possess P4mm symmetry) is, in fact, monoclinically distorted 
(possessing Cc symmetry) [109,110]. Nonetheless, a thorough understanding of the complex 
structure of these phase boundaries in BiFeO3 remains incomplete. Building off of our 
understanding of structure and response in chemically driven MPB systems [111], we seek to 
uniquely identify the boundary nanostructure and the pathway for enhanced electromechanical 
response in highly compressively strained BiFeO3 films. 
3.3 Growth and Structure of Highly Compressively Strained BiFeO3 Films 
We grew samples of epitaxial BiFeO3 thin films via PLD (using optimized growth 
parameters as described in Chapter 2) on single-crystal LaAlO3 (001) substrates that offer a 
compressive lattice mismatch of 4.5%. Films with thicknesses between 20 and 200 nm were 
produced and thicknesses were confirmed (when possible) through analysis of X-ray Kiessig 
fringes. Following growth, detailed phase and structural information including lattice parameter, 
distortions, tilts, etc. were obtained using high-resolution RSM. At the same time, high resolution 
AFM studies of the topography or the surface structure of the films were also conducted. 
Consistent with prior reports [63], films less than ~40 nm thick grown directly on LaAlO3 
(001) substrates exhibited only the distorted tetragonal-like phase. The complexity of this system 
calls for a rigorous definition of the phases present, and we will henceforth refer to this 
monoclinically distorted tetragonal phase possessing a large c/a-lattice parameter ratio as the MII-
phase. AFM studies of these samples reveal atomic-level terraces with step-heights corresponding 
to a single unit cell (~4.65Å) (Fig. 3.1a). Detailed RSM of the 001-diffraction condition for these 
films (Fig. 3.1b) reveal the presence of only two diffraction conditions – the 001-diffraction peak 
for the LaAlO3 substrate and that for the MII-phase of BiFeO3 (note the presence of Kiessig fringes 
in this RSM, Fig. 3.1b). As film thickness is increased, complex mixed-phase samples are 
observed. The typical topography for a 130 nm thick BiFeO3/LaAlO3 (001) film reveals regions 
of pure MII-phase (bright areas, Fig. 3.1c) and mixed-phase regions (striped regions, Fig. 3.1c). 
We note that early reports suggested these mixed-phase regions were made of an intimate mixture 
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of the tetragonal-like and a monoclinically-distorted, bulk-like rhombohedral phase. In turn, our 
studies provide evidence of a more complex nanostructural arrangement. Again, in order to 
maintain a rigorous approach to this complex system, we refer to the bulk-like rhombohedral phase 
as the R-phase. This designation is made based on parallel studies done on BiFeO3 films of similar 
thickness grown on SrTiO3 (001) substrates [112,113,114]. Detailed RSM of the 001-diffraction 
condition for the 130 nm thick BiFeO3/LaAlO3 (001) film (Fig. 3.1d) shows significant 
complexity.  Peaks corresponding to the 001-diffraction peak of the LaAlO3 substrate, the R-phase 
of BiFeO3 (out-of-plane lattice parameter of 3.979 +/- 0.003 Å), and the MII-phase of BiFeO3 (out-
of-plane lattice parameter of 4.667 +/- 0.005 Å) are easily identifiable and labeled accordingly and 
are consistent with previous data. We see that the peak corresponding to the R-phase has very low 
intensity and note that they have been found to be completely absent in diffraction studies of 
Fig. 3.1: AFM image and RSM of the 001-diffraction peak for 28 nm (a and b, respectively) and a 130 nm thick (c 
and d, respectively) BiFeO
3
/LaAlO
3
 (001) thin films. Note the presence of Laue Oscillations in part b. 
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similar films. Additionally, there are two new sets of diffraction peaks present in Fig. 3.1d that are 
not observed in the thinner films. The first set is located on either side of the peak from the MII-
phase in Qx-space at a Qy-value of ~1640 (labeled as MII, tilt in Fig. 3.1d). These peaks correspond 
to a phase that possesses the same out-of-plane lattice parameter (4.667 +/- 0.005 Å) as the MII-
phase, but is tilted by ~1.53° along the [100] relative to the [001] sample normal. The second set, 
comprises of four diffraction peaks at a Qy-value of ~1850 which represents a previously 
unobserved phase, heretofore referred to as an intermediate monoclinic phase (MI-phase). The MI-
phase has an out-of-plane lattice parameter of 4.168Å – intermediate between the R- and MII-
phases. Additionally two pairs of peaks are observed – the outer pair suggests this phase has a tilt 
of ~2.88° along the [100] relative to the [001] sample normal and the inner pair suggests this phase 
has a rotation about the sample normal of ~0.4°. This conclusion comes from the observation of 
two, orthogonal sets of stripe-like features on the surface of the films. The outer- and inner-peak 
pairs correspond to diffraction from the same phase in these two stripe-sets (rotated by 90° in the 
plane of film). This suggests that the MI-phase is tilted along a direction rotated by ~0.4° from the 
[100].  
In order to further understand this complex structure, we conducted a series of high-
resolution RSM studies of a number of diffraction peaks to help develop a complete picture of the 
structure of the phases present. We have investigated RSMs of the 103, 013, 113, 11̅3, 203, and 
023 diffraction conditions for a number of films ranging in thickness from 20 nm to 200 nm. 
Studies of 28 nm thick films that were found to possess only the MII-phase (Fig. 3.1a) provide 
important information about the distortions of this phase. RSM of the 103- (Fig. 3.2a) and the 113- 
(Fig. 3.2b) diffraction peaks for the MII-phase reveals a splitting of the peak into three and two 
distinct peaks, respectively. This splitting uniquely identifies that the distorted tetragonal MII-
phase is in reality monoclinically distorted, with a small tilt along the <100> in-plane directions. 
Further analysis of the RSMs shown here, as well as RSM from other peaks on this sample (not 
shown), and from data on films of other thicknesses has allowed us to uniquely identify the 
structure of this so-called MII-phase. The MII-phase exhibits slightly anisotropic in-plane lattice 
parameters (a ~ 3.74 Å, b ~ 3.82 Å), a c/a lattice parameter ratio of 1.23, and a monoclinic angle 
(β) of 88.1°. This data for the MII-phase is consistent with recently reported values [115], and 
unequivocally suggests that the distorted tetragonal phase is indeed monoclinic with either Pm or 
Pc symmetry. Turning our attention now to thicker films (i.e., 130 nm) that exhibit the complex 
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mixed-phase topography (Fig. 3.1c), RSM studies have provided similar details about the various 
phases present in these samples. RSM studies of the 103- (Fig. 3.2c) and 113- (Fig. 3.2d) 
diffraction peaks are provided. We note that the peaks corresponding to the MII-phase are again 
observed to split into three and two diffraction peaks in the 103- and 113-diffraction conditions 
respectively; which is consistent with the thinner films and a monoclinic distortion.  Furthermore, 
we observe additional diffraction peaks that, to our knowledge, have thus far been overlooked by 
researchers. The peaks, which correspond to the so-called MII,tilt-phase are found to possess in-
plane lattice parameters closely matching the MII-phase. Again, this phase is found to be tilted 
from the substrate normal by ~1.53° along the <100> direction. We have additionally been able to 
capture the first experimental evidence for the intermediate MI-phase (Fig. 3.2c). Analysis of this 
and other diffraction scans has enabled us to produce an estimated unit cell structure for this 
intermediate phase – in-plane lattice parameters are found to be ~3.82Å while the out-of-plane 
lattice parameter is found to be ~4.168Å. More importantly this phase is found to be tilted from 
the substrate normal by ~2.88° and rotated in-the-plane of the film about the substrate normal by 
~0.4°. This analysis implies that the structural distortions in this phase are unique compared to the 
other phases present. The splitting of diffraction peaks in the off-axis RSM of Fig. 3.2 also 
suggest the co-existence of structural domain variants for the MII-phase and is easily verified by 
examining a 43 nm thick BiFeO3 film with both AFM (Fig. 3.3a) and PFM (Fig. 3.3b). Topography 
Fig. 3.2: RSMs of the 103- and 113-diffraction conditions of a 28 nm (a and b, respectively) and 130 nm (c and d, 
respectively) thick BiFeO
3
/LaAlO
3
 (001) film. 
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images (Fig. 3.3a) reveal the presence of 
both pure MII-phase regions as well as 
mixed-phase regions corresponding to the 
stripe-like features. Upon further 
investigation of PFM contrast in this same 
region additional stripe-like contrast is 
observed to occur within the purely MII-
phase regions in the lateral (in-plane) 
response (Fig. 3.3b). Analysis of vertical 
(out-of-plane) contrast (inset, Fig. 3.3b) 
reveals no contrast across the same area. 
This in-plane PFM contrast occurring in the 
purely MII-phase regions can again be 
attributed to the monoclinic distortion. 
These distortions effectively tilt the 
polarization direction along the in-plane 
[100] and [010] of the film and give rise to 
weak in-plane contrast in the PFM images. These results are consistent with prior studies 
[110,116], and provide further details of the complexity of this structure.  
3.4 Spatial Distribution of Phases in Mixed-Phase Films 
In this section, we determine the spatial arrangement of complex mixed phases observed 
in XRD studies of thicker films of highly compressively strained BiFeO3 that could potentially 
shed light on mechanism for the enhanced electromechanical response of this material. For this, 
we first focus on understanding the nanoscale surface structure of the mixed-phase films obtained 
from high-resolution AFM studies which provide direct images of the structural features observed 
in the X-ray diffraction studies. Evidence for regions of pure MII-phase and mixed-phase structures 
(saw-tooth-like features on the surface) are easily observed in 140 nm thick films (Fig. 3.4a). We 
see that the mixed phase regions do not possess a flat-bottom or well-like structure, but are saw-
tooth in nature as demonstrated by the indicative line-trace (dashed-line in Fig. 3.4a, data Fig. 
3.4b). Furthermore, we have found that these features are asymmetric and, in this example, the left 
side of the saw-tooth is inclined to the substrate surface with an angle of ~1.8°, while the right side 
Fig. 3.3: a) AFM image of the surface topography of a 43 
nm thick BiFeO3/LaAlO3 (001) thin film. b) Lateral PFM 
image of the same area in A) reveals the presence of in-
plane contrast; inset shows the lack of vertical PFM 
contrast. c) Schematic illustration of the monoclinic 
distortion present in the MII-phase that gives rise to the 
observed in-plane PFM contrast. 
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of the saw-tooth is inclined to the surface at an angle of ~2.8° This suggests that the phases 
observed in the X-ray diffraction studies to be tilted by ~ 1.6° (MII,tilt-phase) and ~2.8° (MI-phase) 
are located in intimate proximity to one another in the mixed-phase, stripe-regions. Prior work 
suggested an intimate mixture of the R- and MII-phases in these regions, but our data indicates 
otherwise. Further evidence against this intimate mixture of the R- and MII-phases is provided in 
the line-trace parallel to the stripe-like features (red line Fig 3.4a, data Fig. 3.4c). This analysis 
shows that there is an overall depression of the surface height from the MII-phase (left- and right-
sides of Fig. 3.4c) and the mixed-phase region.  We note that the data in Fig. 3.4c is an average 
height trace data set compiled from analysis of five line-traces along peaks and five line-traces 
along valleys in the mixed phase region of a number of films. In other words, this data represents 
the average height profile for all regions present in these films. The average height depression is 
~5 nm (Fig. 3.4c) while the overall film thickness is 140 nm. This film thickness is equivalent to 
300 unit cells of the MII-phase (c = 4.667Å). Surface area analysis reveals that the mixed-phase 
regions are made-up of 63% MII-phase and 37% MI-phase. Thus, assuming the mixed-phase 
regions are made up only of the MI- and MII,tilt-phases, simple fractional analysis using these values 
and the lattice parameter and tilt values of the various phase as determined by X-ray diffraction, 
we estimate an anticipated depression of the surface for the mixed-phase region of 5.6 nm 
compared to the surrounding pure MII-phase regions. On the other hand if the mixed-phase regions 
possessed R- and MII-phases (as has previously been suggested) we would anticipate a depression 
of over 7.6 nm as well as different 
surface morphology (well-like, flat 
bottom features). Additionally, no 
tilt of the R-phase diffraction peaks 
has been observed that would 
suggest it would be present in these 
regions. Furthermore, we have 
analyzed carefully the diffraction 
patterns of many samples for 
evidence of the R-phase. Studies of 
films from 28 to 200 nm reveals no 
appreciable change in the peak 
Fig. 3.4: a) AFM topography, b) line-trace along the dashed line in 
part a), and c) line-trace along the red  line in part a) of a 140 nm 
thick BiFeO
3
/LaAlO
3
 (001) thin film. 
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intensity of the R-phase throughout this thickness range, suggesting that very small fractions of 
the film are made up of the R-phase. These results thus lead us to conclude that the mixed-phase 
regions of highly-strained BiFeO3/LaAlO3 (001) thin films are made up not of an intimate mixture 
of bulk-like rhombohedral- and tetragonal-like phases, but an intimate mixture of highly distorted, 
monoclinic phases – one a monoclinic version of the tetragonal phase (MII,tilt-phase, c/a ~ 1.23) 
tilted 1.6° from the surface normal and the other an intermediate, monoclinic phase (MI-phase) 
tilted 2.8° from the surface normal in the opposite direction. With such an understanding of the 
nanoscale phase distribution, we proceed to investigate the mechanism for enhanced 
electromechanical responses in these materials. 
3.5 Mechanism for Enhanced Electromechanical Responses  
Application of electric fields to these mixed-phase samples results in strong 
electromechanical responses. Local switching studies using PFM reveals surface 
electromechanical strains as 
large as 4-5% (Fig. 3.5) and 
have been reported in several 
previous studies.[63,104] Recent 
measurements of the effective 
converse piezoresponse (d33) 
on clamped capacitor-based 
structures of these films 
revealed a d33 value of 115 
pm/V, that is higher than the 
responses of any of the parent 
phases (~50 pm/V  for the 
rhombohedral phase, and ~30 pm/V for the tetragonal-like phase) [77,103,104]. 
In order to understand the mechanism for such large electromechanical responses, we 
studied the evolution of the surface structure and polarization of a 1 x 1 μm region of a mixed-
phase 100 nmBiFeO3/5 nm La0.5Sr0.5CoO3/LaAlO3 (001) thin film by applying different voltages 
to the region within the box in Fig. 3.6a using the PFM. After each applied voltage, we captured 
both the topography (left images Fig. 3.6) and the out-of-plane orientation of the polarization (right 
images Fig. 3.6). In the as-grown configuration, the film possesses a mixed-phase structure and is 
Fig. 3.5: AFM images of 100 nm and 50 nm BiFeO
3
/La
0.5
Sr
0.5
CoO
3
/LaAlO
3
 
(001) heterostructures in the a) and d) as-grown state, b) and e) following 
electrical poling, and c) and f) corresponding line traces at the red-lines. 
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entirely down polarized (Fig. 3.6a). Upon applying a 5.25V potential, we have observed no change 
in the surface structure or out-of-plane polarization (Fig. 3.6b). Upon further increasing the applied 
potential to 10.25V, however, we observe the ability to electrically drive the mixed-phase region 
to be entirely made-up of the MII-phase (Fig. 3.6c).  If we then begin to drive the same region with 
small negative potentials (e.g., -3V) we observe the ability to completely and reversibly switch the 
material back into a mixed-phase structure similar to the as-grown configuration (Fig. 3.6d). 
Further increasing the negative potential to -5.25 V results in ferroelectric switching of the material 
(Fig. 3.6e), but maintains the mixed-phase structure. Application of large negative biases (-9V) 
results in the eventual transformation of the mixed-phase structure into an upward-poled version 
of the MII-phase (Fig. 3.6f). The polarization of this MII-phase is pointing opposite to that in the 
structure shown in Fig. 3.6c. If we now apply positive potentials to this region we can return to the 
mixed-phase structure similar to the as-grown state, but with a reversed out-of-plane polarization 
Fig. 3.6: AFM image (left) and vertical PFM image (right) of 100 nm BiFeO
3
/La
0.5
Sr
0.5
CoO
3
/LaAlO
3
 (001) in the 
a) as-grown state and after being poled in the box at b) 5.25 V, c) 10.25 V, d) -3 V, e) -5.25 V, f) -9 V, g) 4.5 V, and 
h) 5.25 V. (All images are 1 x 1 μm). i) A schematic hysteresis loop with letters corresponding to the images in a)-
h) shows the multiple pathways to enhanced electromechanical response. j) Illustration of the proposed mechanism 
for the large electromechanical response without the need for ferroelectric switching. 
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(Fig. 3.6g).  Finally, by further increasing to a positive potential of 5.25V we return the structure 
and polarization to the as-grown configuration (Fig. 3.6h).  
By navigating the hysteretic nature of electric field response in this material, we have 
learned a number of important features of this system. First, large surface strains of generally 4-
5% occur any time the material transforms form a mixed-phase structure to the MII-phase. Second, 
the transformations between these two states are entirely reversible. Third, there are numerous 
pathways to achieve large electromechanical responses in these materials. The first, as described 
in Figs. 3.6a-h and in the corresponding schematic hysteresis loop in Fig. 3.6i occurs upon 
traversing the entire hysteresis loop. Following the path from (a) to (h) in Fig. 3.6i, we undergo 
four transformations that give rise to large surface strains. Traversing this major hysteresis loop 
requires the input of considerable energy and two ferroelectric polarization switching events. On 
the other hand, we can achieve the same large electromechanical responses without the need to 
ferroelectrically switch the sample. By following the minor hysteresis loops B-C-D-B or E-F-G-E 
(one is highlighted in Fig. 3.6i) we can repeatedly transform between the mixed-phase structure 
and the MII-phase, thereby obtaining large electromechanical responses without switching the 
polarization direction. This is an exciting discovery and could have important implications for 
utilization of these materials in devices – including possible low-power applications. The key for 
the enhanced electromechanical responses appears to be the ability to transform from the MI-phase 
to the MII,tilt-phase to the MII-phase through a diffusion-less phase transition. Focusing on the 
minor hysteresis loop B-C-D-B and our step-by-step probing of the material, it appears that the 
application of a positive potential drives the preferential growth of the MII,tilt-phase at the expense 
of the MI-phase in the mixed-phase regions (Fig. 3.6j) until a purely MII,tilt region is obtained. At 
this point the material undergoes a final rotation of the polarization towards the surface normal 
and the development of the MII-phase which has preferential alignment of polarization relative to 
the applied field direction. We note that we cannot uniquely identify if this polarization rotation 
occurs only after the material has transformed to the MII-phase or if it gradually happens during 
the transformation. From a geometrical argument, however, one might expect gradual rotation of 
the polarization during the growth of the MII,tilt-phase as the tilt is no longer needed to 
accommodate the MI-phase and the elastic strain. Regardless, at this point the MII-phase is stable 
and only upon application of negative potentials does the sample undergo a reversal of the 
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transformation and return to the as-grown structure. Such a hysteresis loop provides the actuation 
and deactuation of the large surface displacement required for applications. 
3.6 Conclusions  
Based on detailed characterization of the phase- and surface- structure of highly 
compressively strained BiFeO3 thin films via high resolution XRD and scanning probe-based 
techniques, we have uniquely identified and examined the numerous phases present at these strain-
induced phase boundaries. We have discovered an intermediate monoclinic phase (much akin to 
what has been observed in MPB systems) in addition to the previously observed rhombohedral- 
and tetragonal-like phases. Our studies reveal that the mixed-phase films are not mixtures of 
rhombohedral- and tetragonal-like phases as originally stated, but intimate mixtures of highly-
distorted monoclinic phases (designated as MI- and MII- phases) with no evidence for the presence 
of the rhombohedral parent phase. Nanoscale swithching studies using PFM have provided 
intersting insights into the mechanism for highly enhanced piezoresponses that have been reported 
in these films. These studies reveal that the films are able to repeatedly transform between the 
mixed-phase structure and the pure MII-phase under applied electric field. This can be achieved 
without any polarization reversal and result in large electromechanical responses with net surface 
displacements that are nearly 5% of the film thickness. This allows for the actuation and 
deactuation of large surface displacements that are important for real-world applications, and 
scales with the film thickness. Therefore, moving forward, it is also important to understand the 
thickness evolution of these mixed-phase structures and investigate the thickness limits for such 
strain-induced stabilization of metastable phases in the BiFeO3 system. Nevertheless, these results 
represent an unprecedented picture of the phase complexity associated with this exciting strain-
induced structural phase transition as well as direct evidence of the pathway for enhanced 
electromechanical response in these materials. Such unique behavior has significant implications 
for numerous applications and could help shed light on similar boundaries in other high-
performance piezoelectrics. 
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CHAPTER 4 
TEMPERATURE- AND THICKNESS-DEPENDENT 
EVOLUTION OF PHASES IN HIGHLY 
COMPRESSIVELY STRAINED BiFeO3 
 
In this chapter, we present the temperature- and thickness-dependent structural and 
morphological evolution of strain-induced phase boundaries in epitaxial BiFeO3 films deposited 
on LaAlO3 (001) substrates using a combination of high-resolution X-ray diffraction and 
temperature-dependent scanning-probe-based studies. These studies, in turn, provide clues to the 
origin of complex phase evolution that had been observed in this system, including the possibility 
of a strain-induced spinodal instability as the cause for the thickness-dependent transformation 
from a single monoclinically distorted tetragonal-like phase to a complex mixed-phase structure 
in thicker films. Additionally, we also observe an irreversible breakdown of this strain-stabilized 
metastable mixed-phase structure to non-epitaxial microcrystals of the parent rhombohedral 
structure of BiFeO3 at thicknesses exceeding 250 nm which provides further insight into the 
competing nature of the various phases present in this system. Based on such an understanting, we 
utilize concepts of chemical pressure and demonstrate that appropriate alloying of the BiFeO3 thin 
films can stabilize the tetragonal-like polymorph and, in turn, the mixed-phase structures that form 
and delay the onset of strain relaxation and epitaxial breakdown in these highly compressively 
strained films. 
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4.1 Introduction 
In Chapter 3, we developed a complete picture of the structure and the nanoscale spatial 
distribution of various phases present at the strain-induced phase boundary in BiFeO3 films grown 
on highly compressive LaAlO3 (001) substrates. We also conducted stroboscopic-PFM based 
poling studies that demonstrated that reversible electric field switching between the various highly 
distorted monoclinic phases are crucial to produce strong electromechanical responses in these 
materials [117,118]. Since our studies detailed in Chapter 3, additional information has come forth 
about the structure of these highly-strained films [109,110,119,120], with several recent reports 
showing additional near-room-temperture structural, magnetic, and ferroelectric transformations 
in these materials that hold promise for giant piezoelectric, magnetoelectric, and piezomagnetic 
responses [121,122,123]. To ultimately utilize the potential of highly-strained BiFeO3 thin films 
in real devices, a thorough understanding of the origins of such strain-induced formation of 
metastable phases as well as their stability against conventional strain relaxation mechanisms to 
bulk-like rhomohedral versions of these materials is desirable. Therefore, in this chapter, we begin 
by examining the thickness- and temperature- dependent evolution of these various phases present 
in the mixed-phase structures, and the competition between the thermodynamically stable 
equilibrium rhombohedral phase and these strain-induced polymorphs. We then provide routes to 
achieve larger electromechanical responses in films via chemical alloying strategies that stabilize 
the mixed-phase structure of highly compressively strained BiFeO3 films to thicknesses that are 
greater than 500 nm. 
4.2 Review on Strain Stabilization of Metastable Phases in Materials  
Before we move on to describe the thickness- and temperature dependent evolution of 
mixed-phase structures in highly strained BiFeO3 films, useful insights can be gained by 
investigating related work on different mechanisms for strain accommodation and relaxation that 
are typically observed in material systems [124]. It has long been known that epitaxial thin-film 
strain has a strong role to play in the evolution of thin-film structure. Typically in a mismatched 
film-substrate scenario, the film is coherently strained (referred to as a commensurate state) to 
some point where it becomes too costly energetically to continue to accommodate all the strain in 
the film. At this point so-called discommensuration (or the formation of strain relieving defects) 
occurs driving the system into an incommensurate state. The mean separation distance between 
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these strain-relieving defects generally decreases as the mismatch increases. Often these defects 
are misfit dislocations that form ordered arrays at the substrate/film interface.[125,126] The density 
of these misfit dislocations will increase as the film thickness is increased until the total strain in 
the film is reduced to zero and the lattice parameters return to those of the bulk. Following the 
nomenclature used by Bruinsma and Zangwill [124], we will refer to coherent-incoherent 
transitions resulting from a variation in thickness (t) and commensurate-incommensurate 
transitions resulting from variations in lattice misfit (f).  
It has been observed that in metal systems, where dislocation motion is relatively easy, 
predicted values of critical thicknesses (tc) and thickness-dependence of coherency loss follow 
each other closely [127]. Oxide-based systems, however, are widely observed to deviate from these 
predictions due to large kinetic barriers to dislocation nucleation and migration [128]. Thus in 
these systems, alternative pathways for strain relaxation are possible – including having the film 
adopt a crystal structure that is well lattice matched to the substrate, but that is different from the 
bulk structure of the film material. This process has been referred to as pseudomorphism and the 
pseudomorphic phase is often coherently strained to the substrate. We note that pseudomoph may 
be a misnomer and that polymorph may be the more accurate term here. Pseudomorphism, which 
literally means false form, comes from mineralogy and refers to a compound or mineral that has 
taken on the shape or structure of another mineral. In general this can be mechanical, structural, or 
chemical in nature. Polymorphism, on the other hand, refers to the ability of a solid material (with 
a single chemical composition) to exist in more than one form or crystal structure. The study of 
such polymorphs dates back to the 1950s when alkali halide films were observed to undergo a so-
called pseudomorphic phase transformation [129]. Additionally, early molecular beam epitaxy 
studies found that in certain metal systems, polymorphic phase transitions are possible. For instace, 
work on Sb [which normally possesses a tetragonal BCC structure (white tin) with a = 5.831Å and 
c = 3.181Å at room temperature] found that this material adopted a low-temperature diamond 
structure (grey tin, a = 6.489Å) when deposited on (001) InSb and CdTe (a = 6.48Å) [130]. By 
undergoing the polymorphic transformation, the Sb avoids an unfavorable lattice mistmatch and 
strain condition. Likewise, similar results have been obtained for Co films on GaAs [131]. More 
surprisingly in this case, films of Co <100 nm in thickness were found to grow as a previously 
unknown, metastable BCC version (a = 2.819Å) on GaAs (110) while films >100 nm were found 
to transform to the bulk HCP structure. 
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In light of these experimental observations of strain stabilization of metastable phases, 
Bruinsma and Zangwill proposed a thickness dependent structural phase diagram as a function of 
the geometric misfit between the substrate and film and overall film thickness to help explain such 
effects [124]. These predictions also include an intermediate strain regime where the film evolves 
from a single-phase, highly-strained metastable structure to a spinodal-modulated, mixed-phase 
structure before eventual breakdown to microcrystallites of the bulk stable phase. In the sections 
that follow, we will compare and contrast the features that we observe in the thickness dependent 
evolution of metastable phases of highly-strained BiFeO3 films on LaAlO3 (001) substrates as well 
the observation of an eventual breakdown of epitaxy to microcrystallites of the bulk rhombohedral 
phase with the model proposed by Bruinsma et al. [124], and frame these results as a competition 
between the thermodynamically stable equilibrium rhombohedral phase and the strain-induced 
polymorphs. 
4.3 Thickness Dependent Phase Evolution of BiFeO3/LaAlO3 (001) 
Epitaxial BiFeO3 films of thickness 20-400 nm were synthesized via PLD on single-crystal 
LaAlO3 (001) substrates using the procedure described 
in Chapter 2. Detailed structural information of the 
various films was obtained using high-resolution XRD 
including θ-2θ scans and reciprocal space maps 
(RSMs). Typical θ-2θ XRD studies about the 001-
diffraction condition of BiFeO3 films of thicknesses 
30, 140, 250, and 350 nm (Fig. 4.1) reveal an 
interesting evolution in structure with thickness. 
Following the nomenclature established in Chapter 3, 
the various phases observed are labeled as the 
rhombohedral parent phase (R-phase, c = 3.96 Å), the 
intermediate monoclinic phase (MI-phase, c = 4.17 Å), 
and the monoclinically-distorted, tetragonal-like phase 
(MII-phase, c = 4.67Å). The 30 nm thick film exhibits 
a single peak corresponding to an out-of-plane lattice 
parameter (c) of ~4.67 Å, consistent with the MII-
phase. Upon increasing the film thickness, additional 
Fig. 4.1: XRD about the 001 diffraction 
condition of BiFeO3/LaAlO3 (001) 
heterostructures for (top-to-bottom) 30 nm, 
140 nm, 250 nm, and 350 nm thick films. 
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peaks corresponding first to the MI-phase (c = 4.17Å) and subsequently to the bulk-like R-phase 
(c = 3.967Å) begin to appear. From our studies, we have observed that in films less than ~150 nm, 
the peak corresponding to the R-phase has very low intensity or is totally absent in some cases. By 
the time the thickness reaches ~250 nm, the presence of an R-phase peak is more noticeable for 
most films and by a thickness of ~350 nm only the peak corresponding to the R-phase is observed 
and all other peaks are completely absent. It should also be noted that the R-phase peak is 
considerably less intense than the peaks for the 
MII-phase in the thinner films and, in general, 
shows lower diffraction intensities throughout 
the films studied. We also note that the out-of-
plane lattice parameter of the MII-phase 
increases from 4.63Å to 4.68Å as we transition 
from the 30 nm to 250 nm thick films (Fig. 4.1). 
This suggests a rather complex thickness 
dependent evolution and strain relaxation 
process in these films. 
Such observations present two 
important questions: what happens to the MII-
phase in thicker films and why does the R-
phase peak intensity remain so low even in 
thick films? Here we develop a detailed picture 
of the complex behavior observed in these 
diffraction experiments and provide insight 
into the thickness-dependent evolution of this 
complex system. An understanding of the 
structural evolution is obtained by 
investigation of the surface topography of these 
films. We have investigated the surface 
topography of the films at various 
magnifications using both optical microscopy 
and AFM (Fig. 4.2). Under the optical 
Fig. 4.2: Optical (left) and AFM (right) images of 
BiFeO3/LaAlO3 (001) heterostructures of various 
thicknesses. a) and b) are images for a 30 nm thick film, 
and c) and d) for a 140 nm thick film. e) reveals 
formation of different types of structures in 250 nm 
thick films. Close inspection of  the smooth areas (f) 
reveals results consistent with thinner films and 
investigation of patchy regions reveals rough 
microstructure (h). An optical micrograph of a 350 nm 
thick film (g) is found to possess only the rough 
microstructure.  
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microscope, the 30 nm thick films are found to have an optically smooth surface (Fig. 4.2a, note 
also the presence of the structural twins in the LaAlO3 substrate visible in the image), which is 
consistent with the AFM images (Fig. 4.2b) which exhibits only the MII-phase with atomically 
smooth terraces, separated by single unit cell step-heights (~4.65Å). Likewise, the optical 
micrographs of the 140 nm thick films reveal these films to be optically smooth as well (Fig. 4.2c) 
and upon close inspection using AFM, we observe mixed-phase topography consisting of regions 
of atomically flat terraces of the MII-phase (bright areas, Fig. 4.2d) and mixed-phase regions 
consisting of an intimate mixture of the MI and MII,tilt-phases (striped regions, Fig. 4.2d), consistent 
with the nomenclature adopted in Chapter 3 [117]. 
Inspection of optical micrographs of the 250 nm thick films, on the other hand, reveal a 
surface that is mostly smooth with a number of rough regions (Fig. 4.2e). We note that the fraction 
of these rough regions scales with thickness and does not appear to grow with additional time spent 
at high-temperatures without additional material being added to the surface. Ex-situ anneals at 500-
600°C in oxygen for over 20 hours did not result in a change in the fraction of the rough regions. 
AFM studies of the optically flat regions (red box in Fig. 4.2e, Fig. 4.2f) once again reveal 
topography consistent with flat terraces of the MII-phase and striped mixed-phase regions. We note 
that upon increasing the thickness from 140 nm to 250 nm the surface depressions associated with 
the mixed-phase regions increase greatly from ~7 nm to ~11 nm, respectively. Interestingly, 
however, AFM studies of the same sample in the rough regions (yellow box in Fig 4.2e, Fig. 4.2h) 
show a significantly roughened surface with a peak-to-valley height scale of over 200 nm (nearly 
the entire thickness of the film) without any resemblance to the mixed-phase structures observed 
elsewhere on this sample. Further inspection of the 350 nm thick films under the optical 
microscope reveals that the rough regions have grown dramatically to cover the entire film surface 
(Fig. 4.2g). Analysis of these films with AFM revealed surface morphologies similar to that 
observed in Fig. 4.2h. The region within the black box in Fig. 4.2h is consistent with regions 
observed across this and other samples in this thickness range and evokes images of recent 
advances in the study of BiFeO3 materials – especially the synthesis of BiFeO3 single crystals via 
the flux growth method [132,133,134]. Fig. 4.3a is a high-resolution AFM image of the area 
highlighted in Fig. 4.2h and reveals that the rough regions possess micron-sized crystallites with 
well-defined facets. These features bear a striking resemblance to BiFeO3 single crystals grown by 
the flux method (Fig. 4.3b) [132] which exhibit large flat (012) surfaces (using the crystallographic 
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reference frame of the parent 
rhombohedral structure). Detailed high-
resolution XRD scans of our 350 nm 
samples have allowed us to obtain 
evidence for a number of peaks 
corresponding to the bulk-like R-phase of 
BiFeO3 (Fig. 4.3c). These diffraction 
patterns can be indexed by peaks 
corresponding to the most intense 
reflections from the diffraction patterns of 
BiFeO3 single-crystals grown by the flux 
method (bottom, Fig. 4.3b). We have even 
observed unique features of the bulk R-
phase diffraction pattern such as the 
splitting of the 104- and 110- diffraction 
peaks in such films. This combination of 
XRD and AFM strongly suggests that the 
rough, patchy regions are in fact regions of the bulk-like R-phase of BiFeO3 that grow at the 
expense of the MI- and MII-phases in a non-epitaxial manner. We note that for each thickness 
reported here, we have included in the same growth a DyScO3 (110) substrate for further analysis 
and comparison of the rhombohedral-like thin 
film phase. Similar inspection of the co-
deposited BiFeO3/DyScO3 (110) films reveals 
smooth surfaces (both from optical 
microscopy and AFM, Fig. 4.4) for all films up 
to and including the 350 nm thick films and 
show no evidence of second phases from 
XRD.  
4.4 Temperature-Dependent Phase Evolution 
We can further our understanding of the mechanism of strain accommodation and epitaxial 
breakdown in this system by analyzing the change in surface structure of a number of BiFeO3 films 
Fig. 4.4: Optical (a) and AFM (b) images of 
BiFeO3/DyScO3 (001) of a 350 nm thick film.  
Fig. 4.3: (a) High-resolution AFM image of micron-sized 
crystallites found in films > 250 nm thick. (b) Image and XRD 
pattern of a flux grown rhombohedral BiFeO3 sample. Figure 
courtesy of Ref. 132. (c) XRD pattern of a 350 nm thick 
BiFeO3/LaAlO3 (001) heterostructure reveals signatures of 
the parent rhombohedral phase. 
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with thickness ranging from 40 nm to 250 nm upon heating from room temperature to 300°C. 
AFM topography images of films of three representative thicknesses 40 nm (Figs. 4.5a-c), 110 nm 
(Figs. 4.5d-f), and 250 nm (Figs. 4.5g-i) at three representative temperatures (moving left- to-right, 
50°C, 200°C and 300°C) are provided. At any given temperature, the films reveal an increasing 
fraction of the mixed-phase regions with increasing film thickness (consistent with prior reports) 
[63]. The reported fraction of the mixed-phase is calculated as the areal fraction of the mixed-
phase regions relative to the entire area of the sample (Fig. 4.5j). We also report the depth of the 
mixed-phase stripe-regions relative to the atomically flat plateau regions of the MII-phase (trench 
depth, Fig. 4.5k) and the root-mean-square (RMS) roughness of these films which is an indicator 
of the volume fraction of the mixed-phase regions in these films (Fig. 4.5l). Beginning with the 
thinnest film reported here (40 nm), we observe that ~20% of the areal fraction of the surface is 
Fig. 4.5: AFM study of the evolution of surface morphology with increasing temperature from 50°C to 300°C for (a) 
– (c) 40 nm, (d) – (f) 110 nm, and (g) – (i) 250 nm thick films. Corresponding analysis of temperature-dependent 
evolution of properties including (j) the relative fraction of the mixed-phase structure at the surface, (k) the average 
depth of the mixed-phase trenches relative to the surrounding MII-phase, and (l) the RMS roughness of the samples. 
Note the general trend to decrease the fraction of the mixed-phase region with increasing temperature and complete 
disappearance of the mixed-phase in thinner films. 
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made up of the mixed-phase regions and that this fraction decreases steadily to zero by 300°C, 
resulting in a terraced surface with unit cell step-heights corresponding to the MII-phase (Fig. 4.5a-
c). We note that similar stripe-like mixed-phase regions are found to reappear upon cooling, but 
despite similarities in the location of features, they do not appear to have an exact memory for 
location and fine structure. Similar decreasing trends in the fraction of the mixed-phase are 
observed for both the 110 nm and 250 nm thick films; however, both of these films still exhibit a 
significant fraction of mixed-phases even at 300°C (the maximum we can achieve in our scanning 
probe system). Thus, we conclude that the temperature at which the film transforms to being 
composed entirely of the MII-phase is a function of the film thickness and is higher for thicker 
films. This suggests that the films form the mixed-phase upon cooling down from the growth 
temperature and there exists a critical thickness at which the film will stabilize in the mixed-phase 
structure even at the growth temperature of 700˚C. 
4.5 Mechanism of Mixed-Phase Formation 
As illustrated by the AFM experiments, these samples exhibit a temperature induced 
reduction in the fraction of the mixed-phase. We note that these results are consistent with the 
work in the supplementary materials of Ref. 63 where phase field simulations suggest a driving 
force for the stabilization of the highly-distorted MII-phase with increasing temperature. We see 
that films up to a thickness of 35 nm grow as the MII phase which is stable down to room 
temperature. However, in thicker films (40-200 nm) we contend that the samples grow as a fully 
strain-stabilized, MII-phase at 700°C and upon cooling, the mixed-phase structures are formed to 
accommodate the increase in strain energy. This suggests that the formation of the mixed-phase 
structure stabilizes the strained film at lower temperatures. It would appear that in this system, that 
instead of generating misfit dislocations in the sample, the material undergoes partial relaxation 
via the formation of the MI- and MII,tilt- mixed-phase regions. We also note that these mixed-phase 
stripe bands generally form 2D arrays on the sample of the surface with the long-axis of bands 
running along [100] and [010] in-plane directions. Such a configuration has parallels to classic 2D 
arrays of misfit dislocations.  
We can better understand the nature of the formation of such mixed-phase structures during 
the cool-down process by investigating the energetics of the system. Figs. 4.6a-c show a schematic 
of the free energy landscape for films with thickness between 40-200 nm as a function of substrate 
induced strain ε at different temperatures. Here we focus on a film with a thickness of 40 nm as an 
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example. Theoretical calculations and experimental studies have suggested the presence of a 
number of different structural varieties of distorted BiFeO3 with a range of c/a lattice parameter 
ratios [119,135,136], the most important of which for this discussion are the parent R-phase and 
the highly-distorted, strain induced MII-phase. Thus the energy landscape should be characterized 
by at least two local minima corresponding to these two phases. At the growth temperature 
(700°C), we can thus draw a schematic energy diagram as a function of thin film strain (Fig. 4.6a). 
Consistent with previous experimental and density functional theory studies, growth at low strain 
levels (less than ~4% compressive strain) results in the formation of films possessing the R-phase 
structure while growth at strain levels in excess of 4% result in stabilization of the MII-phase. Since 
the R-phase is the thermodynamically stable equilibrium phase at low-temperature and strain, the 
effect of cooling the film down from the growth 
temperature is to shift the energy minima for the 
strained metastable MII-phase to higher energies and 
strains relative to the R-phase. Thus, as we cool the 
film from the growth temperature down to 300°C, the 
energy curves shift as noted. The region within the 
interval [ε-, ε+] with a negative curvature for the free 
energy forms a strain-induced spinodal and in this 
interval of substrate-induced strain, the film 
spontaneously splits to a modulated mixed-phase 
structure of alternating R- and MII-like phases. The 
region of negative curvature shifts towards the strain 
condition for the film on the LaAlO3 substrate upon 
cooling from the growth temperature (Fig. 4.6b). 
Therefore, at room temperature the LaAlO3 substrate 
forces the strain condition of the film into the strain-
induced spinodal (Fig. 4.6c) [124,137]. In this region, 
the film is mechanically unstable against local strain 
wave distortions and this drives a lowering of the 
energy by spontaneous deformation to the mixed-
phase structures along the easy strain axes (<100>). 
Fig. 4.6: Schematic illustration of the 
anticipated evolution of free energy of the 
system as a function of thin film strain. Upon 
transitioning from (a) 700°C to (b) 300°C to 
(c) 50°C we anticipate movement of the free 
energy curves such that spontaneous 
formation of the mixed-phase structures 
occurs as noted. 
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Therefore, films exposed to these strain conditions, as a result of the interplay between thermal 
expansion mismatch, epitaxial strain, and thermodynamic phase stability, will spontaneously 
separate into a modulated mixed-phase structure of alternating R-like and MII-like phases in the 
BiFeO3 system. 
4.6 Epitaxial Breakdown in Thicker Films 
The majority or our discussion thus far has focused on films with thickness less than 200-
250 nm, but beyond this critical thickness we have observed epitaxial breakdown in these films. 
We now focus on the nature of this epitaxial breakdown. Fig 4.7a is a SEM cross-section of a 250 
nm thick BiFeO3/LaAlO3 (001) films that was observed to have a small fraction of the rough 
regions reported in the optical micrographs (Fig 4.2e). The presence of these rough regions marks 
the initial onset of epitaxial breakdown of the film. The SEM cross-section cuts across the optically 
smooth regions as well as the rough region (Fig. 4.7a). A closer look at the cross-section of the 
optically smooth regions (blue box, Fig. 4.7a, Fig. 4.7b) reveals a mixed-phase structure composed 
of alternating regions of MI- and MII,tilt-phases with sharp well-defined interfaces (emphasized by 
the yellow dotted lines). Focusing, in turn, on the interface between the smooth and rough regions 
(orange box in Fig. 4.7a, 
Fig. 4.7c) we observe the 
formation of micro-
crystallites of the bulk R-
phase (consistent with AFM 
and XRD studies) and that 
the breakdown, once 
initiated, is not limited to the 
surface but occurs through 
the entire thickness of the 
film. Note that the peak-to-
valley roughness in these 
rough regions are found to 
be, in general, a good 
fraction of the entire film 
thickness. A cross-sectional 
Fig. 4.7: Cross-sectional scanning electron microscope analysis of a 250 nm 
BiFeO3 / LaAlO3 (001) heterostructure. a) Low-resolution view of sample 
shows transition from smooth to rough patches. b) Close inspection of smooth 
areas reveals the presence of contrast consistent with mixed-phase region. c) 
The rough, patchy regions are found to extend throughout the thickness of the 
film and have a fairly sharp boundary between regions. Analysis of thicker 
(350 nm) films reveals the presence of fully epitaxial breakdown with uniform 
structure throughout the thickness of the film (d) and the presence of faceted 
crystallites on the surfaces (e). 
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image of a 350 nm thick film (Fig. 4.7d) is that reveals a complete breakdown of the film. Plan-
view images (Fig. 4.7e) of the film reveal the presence of sharp faceted microcrystallites of the R-
phase over the entire surface indicating a complete breakdown of epitaxy.  
4.7 Thickness-Strain Phase Diagram for BiFeO3 
Based on the results so far, we can construct a structural phase diagram (Fig. 4.8a) at the 
deposition temperature of 700°C to help explain the evolution of the complex structure and 
morphology of these highly-strained BiFeO3 films as a function of increasing film thickness. 
Understanding of the evolution of these structures at the growth temperature is important since 
there are some structural evolutions that are not reversible (e.g., epitaxial breakdown) and thus the 
final structure of some phases will be set at the growth temperature. In the following discussion 
we will also elaborate on additional structural evolution that would occur during cooling as 
necessary. We note that this phase diagram is similar to the diagram proposed by Brunisma and 
Zangwill [124] for unrelated systems. The diagram shows the expected microstructure of the film 
as a function of epitaxial lattice mismatch between film and substrate and film thickness. Focusing 
first on the lattice misfit corresponding to the LaAlO3 substrate, we note that for thickness < 200 
nm films grow (at 700°C) in the pure MII-phase and are coherently strained to the substrate (Fig. 
4.8b). The growth is expected to occur in a layer-by-layer or step-flow growth mode as the 
resulting MII-phase regions reveal atomically flat terraces following growth. Note that films in 
excess of 35 nm will undergo a temperature-induced spinodal phase separation upon cooling. As 
the films with the strain-stabilized MII-phase grow in thickness, so does the cost in free energy 
compared to the ground-state R-phase. At a critical thickness, energetics require that the films 
undergo a first order transformation to the bulk, stable crystal structure. However, large 
crystallographic deformations and geometric constraints associated with such a transformation 
present substantial kinetic barriers to the nucleation and transformation to the bulk, stable phase 
and this prevents the observation of the true equilibrium structure. As the film thickness 
approaches ~250 nm it enters the regime of high-temperature, thickness-driven, strain-relaxation-
induced spinodal instability and forms a strain modulated structure of alternating MI and MII,tilt 
phases at the growth temperature of 700°C (Fig. 4.8c). The spontaneous transformation to the 
mixed-phase structure is accompanied by surface topography with depressions that are easily 
several nanometers deep (roughly 4-5% of the film thickness) and results in the significant 
roughening of the growth front (i.e., the saw-tooth structure described in Chapter 3). Several 
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theoretical and experimental studies of systems undergoing spinodal phase separation and 
concomitant roughening of the growth front have demonstrated changes in growth mode resulting 
in film-to-island morphological transitions, including possible film break-up [138,139]. Moreover, 
such a mixed-phase structure with periodic interphase boundaries and surface structures 
significantly lowers the kinetic barriers to the nucleation of the bulk R-phase and as it approaches 
a thickness of 300-350 nm, the film breaks down to non-epitaxial microcrystallites of the bulk R-
phase at 700°C (Fig. 4.8d). Arresting growth between the 250-300 nm thickness and cooling to 
room temperature results in films exhibiting a mixture of the rough regions corresponding to 
epitaxial breakdown and mixed-phase regions with some fraction of the flat plateaus of the MII-
phase and the mixed-phase bands possessing the MI- and MII,tilt-phases. We summarize the 
expected structure at the growth temperature (700°C), an intermediate temperature (300°C), and 
room temperature (25°C) for films of various thickness in Table 4.1.  
Table 4.1: Expected structural composition for BiFeO
3
/LaAlO
3
 heterostructures 
at various temperatures and film thicknesses. Mixed-phase refers to intimate 
mixtures of the M
I
- and M
II,tilt
-phases 
Fig. 4.8: (a) Schematic phase diagram showing the evolution of the microstructure as a function of epitaxial lattice 
mismatch (f) and film thickness (t). At the lattice mismatch expected between BiFeO3 and LaAlO3 we expect three 
different stages of growth: (b) coherent growth of the highly-distorted MII-phase in thin films, (c) relaxation by 
formation of spinodal modulated structure of the MI- and MII,tilt -phase at intermediate thicknesses, and (d) eventual 
relaxation and transformation to non-epitaxial microcrystals of bulk R-phase. 
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Furthermore, this phase diagram is consistent with previously observed work on BiFeO3 
thin films grown on other substrates. For instance, growth of BiFeO3 on YaAlO3 (110) substrates 
(a = 3.71Å, large lattice mismatch, Fig. 4.8a) has been found to result in essentially phase-pure 
MII-phase films up to thicknesses of 225-250 nm [63]. Likewise much work on BiFeO3 thin films 
on SrTiO3 (001) substrates [a = 3.905Å, small lattice mismatch, Fig. 7a] has been reported and it 
has been observed that BiFeO3 films will relax to incoherent (relaxed) films at thicknesses in 
excess of a few hundred nanometers [119]. Such results are consistent with this proposed diagram. 
Based on such an understanding of the complex strain-dependent evolution of phases in BiFeO3, 
we next explore conventional chemical alloying or chemical pressure based strategies that can help 
to stabilize the mixed-phase structures that form highly compressively strained BiFeO3 to much 
higher thicknesses than what is possible in the case of pure stoichiometric films.  
4.8 Mixed-Phase Stabilization via Chemical Alloying 
This transformation of the mixed-phase samples to the R-phase could be problematic for 
some applications that require large electromechanical responses. Such responses are made 
possible by the sample’s ability to transform under applied electric field between the MI-, MII-, 
and MII,tilt-phases. Thus in order for large electromechanical responses to be made possible, it is 
imperative that one can stabilize such structures in thicker films to allow for larger field-induced 
surface displacements. In the remainder of this chapter, we demonstrate one route to stabilize such 
mixed-phase structures through chemical alloying and lattice parameter/strain engineering in these 
films. In particular, we focus on the synthesis of lead-alloyed BiFeO3 thin films of thickness 
between 20-600nm from Bi1-xPbxFeO3 targets where x = 0, 0.25, and 0.50.  
Following growth, the stoichiometry of these films was probed via XPS and RBS. Due to 
the similar masses of Pb and Bi, RBS alone was not sufficient to accurately probe the cation 
chemistry of these samples. Calibrated XPS studies revealed stoichiometry transfer of species to 
the target, but a combination of high growth temperature, the high vapor pressure (and, in turn, 
volatility of Pb), and the re-evaporation of Pb from the films as a self-compensation method lead 
to sizeable Pb-loss. Fig. 4.9 shows a sampling of the results from the XPS studies in which the 
relative intensities of the Pb 4f/9 and Bi 4f/8 core electron peaks were used to obtain the chemical 
composition with the assumption that the number of electrons recorded is proportional to the 
number of atoms present. Fig. 4.9a shows the XPS spectrum from a polished (Bi0.5Pb0.5)1.1FeOx 
target demonstrating that our targets do indeed possess the anticipated stoichiometry. Additionally, 
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this spectrum was used as a calibration for 
the films to complete quantitative analysis 
of the composition. Fig. 4.9b shows the 
XPS spectrum from a thin film grown from 
this same target at room temperature. This 
analysis reveals that the laser conditions 
used in the growth nicely maintain the 
stoichiometry during the transfer of 
material from target to substrate. 
Quantitative analysis using the target as a 
calibration suggests nearly perfect 
maintenance of the 50:50 ratio within the 
error of the study. Fig. 4.9c, however, is the 
XPS spectrum from growth of a film from 
the same target at the growth temperature 
of 700°C. The XPS spectrum reveals 
significantly diminished peak intensity for the Pb 4f/9 peak. Quantitative analysis of the spectrum 
suggests a Pb-content of ~3% or a chemical formula of Bi0.97Pb0.03FeO3. Fig. 4.9d focuses on the 
Pb 4f/9 peak for films grown at 700°C for the three targets used in this study and reveals that 
growth from (Bi1-xPbx)1.1FeOx targets with x = 0, 0.25, and 0.50 resulted in final films with 
[Pb]/[Bi+Pb] fractions of 0%, 1%, and 3%, respectively. The overall chemical composition of the 
films, in particular the [Bi+Pb]-to-[Fe] ratio was then probed via RBS (Fig. 4.10). We attempted 
fits assuming only Bi in the film and with a mixture of Bi and Pb in the right ratios and, within the 
Fig. 4.10: RBS results for films grown at 700°C from (Bi1-xPbx)1.1FeOx targets with (a) x = 0, (b) x = 0.25, and 
(c) x = 0.50. Dots show experimental data and the line shows the best fit result. 
Fig. 4.9: XPS results from a range of samples including: 
(a) starting (Bi0.5Pb0.5)1.1FeOx target, (b) a film grown from 
the same target at room-temperature, (c) a film grown 
from the same target at 700°C, and (d) a comparison of the 
Pb-peaks from the growth at 700°C from the three targets 
used in this study. 
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accuracy of the RBS data (typically a 1-2%) all films show a 1-to-1 [Bi+Pb]-to-Fe ratio. This 
confirms that the films are mildly alloyed with Pb, but otherwise possess the expected chemical 
structure for these films. 
Detailed studies of evolution of structure and topographical features with Pb-alloying were 
also conducted on these films. Following the nomenclature laid out in Chapter 3, the various phases 
present in these highly strained films are expected to be the rhombohedral parent phase (R-phase, 
c = 3.96Å), the highly distorted intermediate monoclinic phase (MI-phase, c = 4.17Å, tilted ~2.8° 
from the substrate normal), the highly-distorted tetragonal-like phase (MII-phase, c = 4.67Å), and 
a tilted version of the MII-phase (MII,tilt-phase, c = 4.67Å, tilted ~1.6° from the substrate normal). 
Previous studies have shown that the mixed-phase regions of these samples are made up of an 
intimate mixture of the MI- and MII,tilt-phases. As evidenced by AFM images of 100 nm thick films 
of Bi1-xPbxFeO3 (x = 0, 0.01, and 0.03) (Fig. 4.11a-c, respectively) the surface areal fraction of the 
mixed-phase regions (stripe-like features) is observed to scale inversely with the Pb-content (Fig. 
4.11d). Upon introducing only 3% Pb into the system the areal fraction of the mixed-phase regions 
is observed to decrease by ~12% from that of the BiFeO3 film.  
In order to better understand this effect, we have undertaken a series of high-resolution 
RSM studies of a number of diffraction peaks to develop a complete picture of the structural 
changes induced by the Pb-alloying. RSMs of the 103- (Fig. 4.11e-g) diffraction peaks for the MII-
Fig. 4.11: AFM images of 100 nm thick (a) BiFeO
3
, (b) Bi
0.99
Pb
0.01
FeO
3
, and (c) Bi
0.97
Pb
0.03
FeO
3
 thin films on LaAlO
3
 
(001) substrates. (d) Evolution of the areal percentage of the mixed-phase regions on these samples as a function of 
Pb-content. (e), (f), and (g) are reciprocal space maps of the 103-diffraction condition for BiFeO
3
, Bi
0.99
Pb
0.01
FeO
3
, 
and Bi
0.97
Pb
0.03
FeO
3
, respectively. (h) In-plane (a and b) and out-of-plane (c) lattice parameters of the M
II
-phase as a 
function of Pb-content as determined from the reciprocal space maps. 
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phase of the 100 nm thick Bi1-xPbxFeO3 (x = 0, 0.01, and 0.03) films reveal a splitting of the peak 
into three-peaks. These results are consistent with prior studies of this phase and confirm that the 
MII-phase is monoclinically distorted, with a small tilt along the <100> in-plane directions 
[109,110,117,119,140]. Furthermore, we note that the side-lobes on either side of the main 
diffraction peak in Qx-space are observed to greatly decrease in intensity with increasing Pb-
content. This corresponds to a systematic reduction in the fraction of the MII,tilt-phase  observed in 
these films, is consistent with the AFM analysis, and with an overall decrease in the fraction of the 
mixed-phase regime with increasing Pb-content. From these (and other RSM studies, not shown), 
we can summarize the effect of Pb-alloying on the unit cell of the MII-phase (Fig. 4.11h). Overall, 
the addition of Pb to the BiFeO3 structure results in an increase of the a- and b- and a decrease of 
the c-lattice parameter of the material. Such a change in the structure could be the consequence of 
both the larger ionic radius of Pb2+ (assuming twelve-fold coordination, 149 pm compared to 138 
pm for Bi3+) and/or the formation of oxygen vacancies that could accompany the introduction of 
the Pb2+. Key to the enhanced stabilization of the MII-phase is the fact that the Pb-alloying seems 
to predominantly manifest itself in the form of an increase in the in-plane lattice parameters. The 
a-lattice parameter, for instance, is 3.74Å, 3.75Å, and 3.76Å for the Bi1-xPbxFeO3 films for x = 0, 
0.01, and 0.03, respectively. Thus the Pb-alloying reduces the lattice mismatch between the MII-
phase and the LaAlO3 substrate (a = 3.79 Å), further stabilizing the MII-phase, allowing thicker 
films to be produced prior to relaxation and promoting thicker films with the sought after mixed-
phase structures. We note that among the common Bi-site dopants studied for BiFeO3 only Pb
2+ 
and Ba2+ (ionic radius of 161 pm, 12-fold coordination) should provide the impetus to further 
stabilize the tetragonal-like phase of BiFeO3. This is consistent with the work of Christen et al. 
who observed that Ba-alloying upwards of 8% resulted in a decrease of the monoclinic distortion 
in the MII-phase and a change in the lattice parameters [119]. 
We have also investigated the effect of lead-alloying on electromechanical properties of 
the mixed-phase films using PFM-based local switching studies. We reiterate that large surface 
strains of 4-5% are obtained upon electric-field switching of mixed-phase BiFeO3 samples. Our 
studies have revealed that the key parameter at play in allowing for the large electromechanical 
responses is the relative ratio of the various phases in the mixed-phase structures. Since the Pb-
alloying alters the areal fraction of the mixed-phase regions significantly, it is important to 
normalize data appropriately – here we use the areal fraction of the mixed-phase regions as a means 
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of normalization. Thus, we 
report the response both in total 
magnitude and in nanometers 
per areal percent of mixed-
phase. We have completed local 
poling on 100 nm Bi1-
xPbxFeO3/LaAlO3 (001) films 
with x = 0, 0.01, 0.03 (Fig. 
4.12). Consistent with prior 
results, we observe reversible 
electromechanical deformations 
of 4-5% for BiFeO3 thin films as 
we transition from the as-grown 
(Fig. 4.12a) to the electrically 
poled state (Fig. 4.12b). Line 
traces across the electrically 
poled region are provided in 
Fig. 4.12c. Similar results are 
obtained for the Bi0.99Pb0.01FeO3 thin films were we can likewise electrically transform the mixed-
phase regions (Fig. 4.12d) to a region of pure MII-phase (Fig. 4.12e) resulting in a net surface 
displacement (Fig. 4.12f). We note that the absolute magnitude of the response is diminished 
slightly, but the response normalized to the total fraction of the mixed-phase is the same if not 
slightly enhanced as compared to the BiFeO3 sample. This same trend is further observed in the 
Bi0.97Pb0.03FeO3 films [Fig. 4.12g-i]. We observe that the surface strain per unit areal fraction of 
the mixed-phase region increases from 0.13 nm/% for BiFeO3 films to 0.16 nm/% nm for 
Pb0.97Bi0.03FeO3 films. This is an indication that thicker films of Pb-alloyed BiFeO3 with similar 
surface fractions of mixed phase regions will yield a higher net surface displacement in electric-
field-induced switching experiments and comparable, if not improved, overall displacement.  
To investigate this idea, we studied thick films (300-500 nm) of Bi0.99Pb0.01FeO3 and 
Bi0.97Pb0.03FeO3 to probe the evolution of phase stability. Fig. 4.13a shows a 10 x 10 micron scan 
of a 500 nm Bi0.99Pb0.01FeO3/LaAlO3 (001) sample that reveals the presence of the commonly 
Fig. 4.12: AFM images and corresponding line traces at the dashed line 
for as-grown (left) and electrically poled (right) 100 nm thick films of (a), 
(b), and (c)  BiFeO
3
, (d), (e), and (f) Bi
0.99
Pb
0.01
FeO
3
, and (g), (h), and (i) 
Bi
0.97
Pb
0.03
FeO
3
. Note that the height scales in (c), (f), and (i) are 
normalized to the fraction of mixed-phase regions on these samples for 
direct comparison. 
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observed mixed-phase regions required for the large electromechanical response. Upon closer 
inspection (Fig. 4.13c), however, it is evident that these mixed-phase regions possess dramatically 
increased surface depressions compared to other samples studied. Line traces across the mixed-
phase region on this 500 nm thick film reveal surface depressions of ~23 nm. This implies that 
significantly enhanced surface height changes can be observed in these films. To date we have 
observed the ability to reversible switch films upwards of 300-350 nm thick (resulting in 
electromechanical responses as large as 12-14 nm), but have been limited by the lack of a bottom-
electrode to enable switching of films in excess of 400-450 nm. Nonetheless, XRD studies reveal 
that 350 nm thick BiFeO3 thin films possess no evidence of the MII-phase and the mixed phase 
structures while 500 nm thick Bi0.99Pb0.1FeO3 thin films possess a large fraction of the MII- and 
mixed-phase structures (Fig. 4.13c). Overall, Pb-alloying, even in very small amounts, can exact 
a strong impact on the structure of these materials and helps to stabilize the structures and could 
enhance overall material performance. 
4.9 Conclusions 
The thickness-, temperature-, and chemistry- dependant evolution of mixed-phases studied 
in this chapter have added to our understanding of these complex and technologically exciting 
phase boundaries in highly-strained BiFeO3 thin films. The presence of a variety of polymorphs 
of the BiFeO3 is essential for the strong electromechanical response in these films. We observe, 
however, that these structures are limited by a thickness-dependent breakdown and irreversible 
transformation to a non-epitaxial R-phase. We have examined the thickness- and temperature-
dependence of these structures and have constructed schematic energy and phase diagrams to help 
Fig. 4.13: (a) Large scale and (b) zoom-in AFM image of a 500 nm thick Bi
0.99
Pb
0.01
FeO
3
/LaAlO
3
 (001) thin film 
revealing the ability to stabilize the mixed-phase structures necessary for large electromechanical response into thick 
films. Line-trace across the mixed phase region reveals a surface depression of ~23 nm and the capacity for large 
electromechanical responses. (c) XRD results from a (orange data) 300 nm BiFeO
3
 film showing complete breakdown 
and a 500 nm Bi
0.99
Pb
0.01
FeO
3
 film showing the presence of the M
II
-phase. 
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explain the structural evolution of these materials. We have drawn parallels to observations of 
unusual strain-relaxation in more simplistic metallic systems and have applied a model for 
spinodally-modulated structures to BiFeO3. The ability of the BiFeO3 system to take on a variety 
of pseudomorphs provides one route to strain relaxation in this system and due to the complex 
interplay of lattice and electronic order in these materials this results in strong electromechanical 
responses. Our observations provide new insights into the nature of the phase evolution in highly 
compressively strained BiFeO3, the stability of the various polymorphs, and are consistent with 
previously observed structures in a variety of epitaxial BiFeO3 films. Equipped with such an 
understanding of the thickness-driven breakdown of epitaxy, we can begin to construct pathways 
to stabilize the desired mixed-phase structures in these exciting and technologically relevant 
materials. In particular, we have identified that strain engineering via suitable chemical-alloying 
can delay the onset of epitaxial breakdown in these films and stabilize the necessary nanostructure 
to assure strong electromechanical responses. By alloying the BiFeO3 with Pb (1-3%) we have 
stabilized the mixed-phase structures to film thicknesses in excess of 500 nm and have 
demonstrated surface height depressions greater than 20 nm. These observations provide insight 
into the nature of the phases of BiFeO3 and their stability and routes to further utilize these 
materials. 
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CHAPTER 5 
ENHANCED ANISOTROPIC DEFORMATION STATES 
AND TC IN BaTiO3 FILMS VIA STRAIN-INDUCED 
DEFECT DIPOLE ALIGNMENT 
 
In this chapter, we explore a new way of inducing anisotropic lattice deformation in 
materials, involving the use of a combination of defect and strain engineering. More specifically, 
we will utilize the high energy nature of the PLD growth process to tune the concentration of 
bombardment-related point defects that occur in BaTiO3 thin films, that in turn form charged point 
defect complexes known as defect dipoles. We then present a systematic study that correlates the 
anomalous lattice expansion as well as the observed ferroelectric hysteresis loop offsets to the 
elastic dipole and the electric dipole of the defect-dipoles that are aligned in the out-of-plane 
direction of the films. We propose a new mechanism for defect-dipole alignment involving a 
coupling of the elastic moment of defect-dipole complexes to the stress field from epitaxial 
constraints. We then demonstrate dramatic enhancements in the ferroelectric TC for films with high 
densities of aligned defect dipoles and show that the enhancements are consistent with results 
based on phenomenological GLD calculations where the defect-related anisotropic lattice 
deformation is simply modeled as an excess out-of-plane strain on defect free BaTiO3. We also 
demonstrate ferroelectric Curie temperatures exceeding 800-1000°C on BaTiO3 thin films and our 
studies suggest that growth induced defect-dipoles aligned under epitaxial constraints can be 
potentially used to tune the strain state of materials.   
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5.1 Introduction 
In Chapter 3, we demonstrated strain-induced mixed phase formation in highly 
compressively strained BiFeO3 as a new route to engineer highly enhanced electromechanical 
responses in ferroelectric thin films. Other examples of epitaxial strain-induced ferroelectric 
property enhancements include the elevation of ferroelectric TC of BaTiO3 by several hundreds of 
degrees, as well as the emergence of room-temperature ferroelectricity in the otherwise quantum 
paraelectric SrTiO3.
[48,60,61,141] Despite considerable excitement over the potential for thin-film 
strain to control materials, it is fundamentally limited in a number of ways: 1) the magnitude of 
the strain that can be applied before the onset of relaxation is relatively small (generally <1% 
lattice mismatch), 2) the thickness of a coherently strained film must be maintained below a critical 
thickness to avoid strain relaxation which often renders such strain-engineered films unsuitable for 
applications that require high voltages, and 3) there is a lack of continuous tunability arising from 
the limited number of substrates and the need to switch between them to change the strain state. 
In turn, these factors put rather stringent limits on our ability to manipulate the properties and 
enhance performance on demand in these materials and also motivates the need to invent new 
pathways to engineer strain in materials. At the same time, we have seen from PLD growth 
optimization experiments of BaTiO3 films (see Chapter 2), that films grown at laser fluences 
exceeding 1.5 J/cm2 resulted in films with expanded out-of-plane lattice parameters beyond what 
is expected from epitaxial strain alone. In this chapter, we trace back through literature to 
understand the possible origins of such unexplained lattice expansions, as well as the possibility 
of using these effects to achieve property enhancements in a manner similar to that what has been 
demonstrated from purely strain-based effects. 
5.2 Anomalous Lattice Expansion from High Energy Growth Processes 
Despite the extensive work on the strain-engineering of epitaxial thin films, there are a 
number of observations over the years that do not fit our fundamental understanding of thin-film 
strain. In BaTiO3-based films, for instance, as early as the 1980s and 1990s researchers were 
reporting anomalously large lattice expansions in films [142,143,144,145], especially those grown 
by highly-energetic growth processes such as sputtering, pulsed-laser deposition, etc., that were 
not commensurate with the pervasive understanding of epitaxially constrained BaTiO3. For 
instance, RF sputtered BaTiO3 films were found to exhibit lattice parameters as much as 8.6% 
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larger than bulk versions (well beyond the expected 2.8% expansion of the c axis for a coherently 
strained BaTiO3 film grown on SrRuO3/SrTiO3 (001) substrates) [145]. A number of potential 
explanations were posited for these observations and, as early as 1983, researchers were suggesting 
that the observed distortions could not be explained by classic epitaxial strain alone. Instead, 
researchers hypothesized that an anisotropic distribution of point defects (namely interstitial atoms 
and vacancies) could be responsible for the added distortion [143]. In turn, a potential connection 
between the growth process and the observed lattice expansion has been proposed [143,146,147], 
and some have evoked the concept of “negative pressure” induced effects (i.e., large tetragonal 
strains and anomalous volume expansion under negative hydrostatic pressures) [148] to potentially 
explain the observations [146]. In turn, these anomalous lattice expansions are associated with 
interesting changes in the physical properties including enhancement of the ferroelectric transition 
temperature [143,147,149], and voltage-shifted ferroelectric hysteresis loops where the voltage 
shift scales linearly with thickness [144,149,150]. Despite this range of interesting work, no clear 
explanation for the effects has been developed, but it is generally considered that defects could 
play some role in the manifestation of these effects. While defects in ferroelectrics could 
potentially degrade the properties (i.e., worsening leakage and promoting aging) [18] and can also 
impact the structure, phase transitions, polar ordering [151], various defect-engineering strategies 
have been developed to alleviate such effects and have been widely used to control lifetimes of 
ferroelectric capacitors in switching-applications as well as for tailoring the mobility of domain 
walls for piezoelectric applications [18,152,153,154]. Recent investigations have highlighted some 
unexpected benefits of specific defect-types, for instance, charged point defect complexes (so 
called defect-dipoles) have been utilized to achieve new functionalities including large reversible 
strains [155], multistate memory effects [156], and colossal dielectric responses [157]. However, 
to really control ferroelectric properties using defects, it is imperative to acquire an intimate 
knowledge of the nature of defects that occur in these materials [158]. With such an outlook, the 
aim of the work presented in this chapter is to understand the nature of the lattice-distorting defects 
that occur during high energy growth of BaTiO3 thin films, and attempt to control their formation 
to achieve desired ferroelectric property enhancements. 
5.3 Film Growth and Structural Characterization 
130-170 nm BaTiO3 / 40 nm SrRuO3 thin-film heterostructures were grown on DyScO3 
(110), GdScO3 (110), and NdScO3 (110) single crystal substrates (corresponding to lattice 
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mismatches with the pseudocubic lattice parameter of BaTiO3 of -1.7%, -0.99%, and 0.08%, 
respectively) via PLD as described in Chapter 2, with the laser ﬂuence varied between 1.5 and 2.7 
J/cm2. We know from the PLD growth of BaTiO3 films on bare NdScO3 (110) substrates discussed 
in Chapter 2, that the growth process is highly sensitive to the laser fluence and care must be taken 
to control the stoichiometry and defect structures in the resulting films [159,160,161], XRD studies 
for the BaTiO3 / SrRuO3 / GsScO3 (110) heterostructures (Fig. 5.1a) reveal that all films are 
epitaxial and single phase. Subsequent off-axis RSM studies about the 103- and 332-diffraction 
conditions for films and substrate, respectively, show that although the in-plane lattice parameters 
of the films are matched to that of the substrate, the out-of-plane lattice parameter increases as the 
laser fluence increases (Fig. 5.1b-f, expected peak locations for bulk (B) and coherently strained 
(S) BaTiO3 are indicated for comparison). From both Poisson and electrostriction effects an 
increase in the c-axis lattice parameter by 1.7% as compared to bulk is expected, but in all films 
studied here an additional expansion of the out-of-plane lattice parameter of 0.6-4.1% is observed. 
Subsequent study of film stoichiometry using X-ray photoelectron spectroscopy (XPS) 
(Fig. 5.2a) and RBS (Fig. 5.2b, c and d) reveals that all films possess nominally stoichiometric 
cation ratios within the limits of experimental error (+/-1%). This observation is consistent with 
prior studies of BaTiO3 [161], but does not explain the observed increase of out-of-plane lattice 
parameter. Oxygen post-annealing of the films results in no change in the lattice parameters, 
Fig. 5.1: (a) θ-2θ XRD studies of BaTiO3 / SrRuO3 / GdScO3 (110) heterostructures where the BaTiO3 film was 
grown at a laser fluence of (from bottom-to-top) 1.5, 1.8, 2.1, 2.5, and 2.7 J/cm2. Corresponding off-axis reciprocal 
space mapping studies about the 103- and 332-diffraction conditions of the films and substrate for BaTiO3 films 
grown at a laser fluence of (b) 1.5 J/cm2, (c) 1.8 J/cm2, (d) 2.1 J/cm2, (e) 2.5 J/cm2, and (f) 2.7 J/cm2. Despite all 
films possessing the same in-plane lattice parameters, the out-of-plane lattice parameter is observed to increase 
with increasing laser fluence. 
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eliminating chemical expansion from isolated oxygen vacancies as the mechanism for the lattice 
expansion. Taken together, these results suggest that the lattice expansion observed with increasing 
laser fluence arises not from cation or anion compositional deviations, but from defects associated 
with the varying energetics of the growth process [162,163]. Such effects have been observed 
previously in in the PLD growth SrRuO3 [164],
 where expansions as large as 3.8% were observed. 
Despite reporting a direct connection between the expanded lattice constants and the energetic 
bombardment during deposition, the exact mechanism responsible for the lattice constant 
extension was not well understood. It was hypothesized that collision-induced displacement of 
cations into nonequilibrium lattice locations, implantation of the various ionic species during 
growth, resputtering of the film, and/or composition differences resulting from relative cation 
distributions in the laser plume, which are also pressure and fluence dependent, could be 
responsible. These observations highlight the incredible ability of complex oxides perovskites to 
accommodate and sustain large densities of point defects as both individuals and clusters, that in 
turn, are responsible for such dramatic changes in the lattice parameter of these materials from the 
ideal, bulk structure [165,166,167,168]. 
5.4 Impact of Defects on Ferroelectric Properties 
To gain further insight into the nature of these growth-induced defects and their impact on 
ferroelectricity, detailed ferroelectric characterization was completed. Ferroelectric hysteresis 
loops were obtained from 0.001-10 kHz using symmetric SrRuO3 capacitor structures [169], which 
Fig. 5.2: (a) XPS study of the Ti 2p peak of BaTiO3 single crystal for calibration and various BaTiO3 films grown 
at a range of conditions that illustrates and rather small variation observed in the sample chemistry. Corresponding 
RBS studies of BaTiO3 films grown at laser fluence of (b) 1.5 J/cm, (c) 2.1 J/cm2, and (d) 2.5 J/cm2 which 
correspond to films possessing the same stoichiometry (50.7% Ba) within the error of the measurement of +/- 1%). 
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suppress extrinsic metal-ferroelectric 
interface related effects including 
imprint, asymmetric leakage, and 
lossy dielectric responses [170]. 
Accordingly, leakage characteristics 
(Fig. 5.3a) for films grown at 1.5, 
1.8, and 2.7 J/cm2 on GdScO3 (110) 
substrates reveal symmetric, low-
current response. Of particular 
interest is the fact that the leakage in 
films grown at high fluences (1.8 and 
2.7 J/cm2) is an order-of-magnitude 
lower than for the films grown at 
lower laser fluence (1.5 J/cm2) 
suggesting that the growth-induced 
defects that give rise to increased cell 
volume do not also give rise to 
increased leakage. Characteristic 
ferroelectric hysteresis loops measured at 1 kHz (Fig. 5.3b) reveal two distinct behaviors: 1) 
horizontally centered, but pinched loops for films grown at 1.5 J/cm2 (blue data, Figure 5.3b) and 
2) horizontally-shifted, unpinched loops that exhibit shifts that scale with the laser fluence (1.8 
and 2.7 J/cm2, red and green data, respectively, Figure 5.3b). Both of these features are signatures 
of the presence of defect dipoles that are aligned out-of-the-plane of the films [171,172]. 
Additional insight is gained by exploring the frequency dependent evolution of the hysteresis 
loops, here shown for films grown at 1.5 and 1.8 J/cm2 (Figure 5.3c and d, respectively). Films 
grown at low laser fluence (1.5 J/cm2) exhibit loops that are horizontally centered across all 
frequencies studied, but exhibit pinching when probed at frequencies <5 kHz. Films grown at 
higher laser fluences show no loop pinching across the range of frequencies studied, but become 
increasingly off-centered as the measurement frequency is increased. These results are consistent 
with previous studies of Pb0.98Ba0.02(Mg1/3Nb2/3)O3-PbTiO3 where thin films grown under high-
Fig. 5.3: (a) Leakage current as a function of applied electric field 
for BaTiO3/SrRuO3/GdScO3 (110) heterostructures grown at laser 
fluences of 1.5, 1.8, and 2.7 J/cm2. (b) Ferroelectric hysteresis loops 
for the same heterostructures measured at 1 kHz revealing increasing 
shifts along the voltage axis with increase laser fluence. Frequency-
dependent polarization hysteresis loops for heterostructures with 
BaTiO3 grown at (c) 1.5 J/cm
2
 and (d) 1.8 J/cm
2
. Films grown at 
lower fluences show horizontally centered, but pinched loops while 
those at grown at higher fluence reveal shifted, but unpinched loops. 
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bombardment conditions possessed large internal electric fields giving rise to only a single stable 
state of remenant polarization that could not be switched [173]. 
Such ferroelectric switching behavior (i.e., the presence of pinched/shifted hysteresis 
loops) and the observed lattice expansion substantiate the presence of growth-induced defect 
dipoles that increase in concentration with laser fluence. A defect dipole is a generic term referring 
to any defect-complex that forms when two or more oppositely charged point defects in a lattice 
couple or interact in such a manner to produce a negative energy of association. In ferroelectrics, 
this typically refers to a complex of some acceptor defect and an oxygen vacancy or a donor defect 
and a cation vacancy [18,174]. While the exact nature of the acceptor (or donor) defect can vary, 
they are likely formed in the films in this study due to the 
energetic bombardment from the growth process, and are 
therefore predominantly from intrinsic point defects 
such as cation and anion vacancies (and potentially 
interstitials or anti-site defects). It should also be noted 
that the formation of such defect dipoles is also likely 
related to the observed reduction in leakage currents as 
they compensate for oxygen vacancies defects or serve 
as trap states for free carriers in the film. Before we move 
on to investigate into the possibility of aligned defect 
dipoles, we present dielectric permittivity and loss 
tangent measurements for all films across the frequency 
range from 1-100 kHz (Fig. 5.4a, b). It is seen that the 
films grown at higher laser fluences show highly 
diminished dielectric response as well as low dielectric 
loss tangents as compared to the film grown at a laser 
fluence of 1.5 J/cm2. 
5.5 Mechanism for Formation of Aligned Defect Dipoles 
For ferroelectric materials with aligned defect dipoles, the expansion of the out-of-plane 
lattice parameter and the shift in the hysteresis loop are thought to be related to the elastic- and 
electric-dipole moments of the defect dipoles, respectively [174]. The effect of the latter is well 
characterized in the literature as the coupling between the electric-dipole moment and the 
Fig. 5.4: Room-temperature (a) dielectric 
response and (b) loss tangent as a function of 
measurement frequency for BaTiO3 
heterostructures grown at laser fluences of 
1.5, 1.8, and 2.7 J/cm2.  
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spontaneous polarization of the ferroelectric is known to break the degeneracy of the up/down 
polarization states (i.e., giving rise to local built-in fields that pin the ferroelectric polarization and 
result in shifted and pinched loops). Shifted loops are expected when all of the defect dipoles are 
aligned and pinched loops when there is a mixture of up- and down-oriented defect dipoles. 
Likewise, the lattice distortion associated with the elastic-dipole depends on the orientation of the 
defect dipole and the net lattice deformation is proportional to the number of dipoles aligned in 
any direction [174,175]. It is known that external stresses can also break the degeneracy between 
symmetrically equivalent orientations of the elastic dipoles [175,176]. The BaTiO3 films exhibit 
large expansion in the out-of-plane lattice parameter, while the in-plane lattice parameters remain 
constrained to that of the underlying GdScO3 substrate, suggesting that the strain field from the 
(compressive) epitaxial strain can produce similar out-of-plane alignment of defect dipoles. The 
idea that stress (or strain) can drive the alignment of defect dipoles has been around for some 
time[174] and ultimately the electric and the elastic dipole energies can have different signs which 
can lead to complex alignment geometries. In our epitaxially-constrained thin films, however, we 
have a direct measure of the lattice deformation from both epitaxial strain and defects which 
enables us to estimate the elastic energy and compare it to the electric energy of a misaligned 
defect dipole in the background polarization. 
5.5.1 Estimating Energies for Defect Dipole Alignment 
 From our direct measurements of defect-dipoled-induced lattice deformation and built-in 
internal fields, it is possible to estimate the realtive magnitude of the elastic and electric energies, 
respectively. To do this, let us first focus on the electric energy first. In general it is possible to 
consider that the defect dipole could align in one of six different geometries relative to the 
polarization: 1) aligned parallel to (one possible direction), 2) aligned anti-parallel to (one possible 
direction), or 3) aligned orthogonal to (four energetically degenerate directions) the polarization. 
Based on these possible alignment geometries, the maximum energy difference is between the 
parallel and antiparallel alignment. In general, it is assumed that the defect dipoles are set by the 
polarization and remain fixed in their alignment even under electric field switching of the 
polarization, which drives the formation of shifted ferroelectric hysteresis loops and stabilization 
of a single or preferred polarization direction (essentially driving back-switching as soon as the 
applied field is removed). Thus we can estimate the electric dipole moment interaction energy 
(which drives parallel alignment of the defect dipoles and the polarization) by using the 
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experimentally measured shift of the ferroelectric hysteresis loops (𝐸𝑠ℎ𝑖𝑓𝑡) as a measure of the 
energy difference between the parallel and antiparallel aligned geometries. Thus the energy gained 
by having the polarization and the defect dipoles aligned parallel (as opposed to antiparallel) is 
𝑊𝑒𝑙𝑒𝑐𝑡𝑟𝑖𝑐 = 𝑃 ∗ 𝐸𝑠ℎ𝑖𝑓𝑡 where P is the spontaneous polarization of the film. Based on the hysteresis 
loops measurements (Fig. 5.3b), we estimate this electric driving force to be ~7 J/cm3 for BaTiO3 
films grown on GdScO3 (110) substrates at a laser fluence of 1.8 J/cm
2. 
At the same time, in the presence of external stresses (as in the case of epitaxial strained 
thin films), the interaction energy of the elastic dipoles with the strain fields must also be 
considered to determine the final orientation of these defects [174,177]. The elastic energy for an 
out-of-plane alignment of defect dipoles due to the bi-axial, in-plane strain field from the epitaxial 
constraints can be estimated from the misfit strain differences that would arise from an in-plane 
alignment of the defects and the associated in-plane lattice deformations. The films grown on 
GdScO3 (110) substrates at a laser fluence of 1.5 J/cm
2 possess an excess out-of-plane lattice 
deformation of 0.6% from the out-of-plane alignment of the defect dipoles. Assuming an in-plane 
alignment of all of these defects, the in-plane lattice parameter of the film would be expanded 
thereby resulting in an increase in the compressive misfit strain for films on GdScO3 (110) 
substrates from 1% to 1.3 % (calculated by assuming equal fractions of the defect dipoles aligned 
in the plane of the film that would give rise to a net increase in the in-plane lattice parameter by 
0.3% along both directions). Subsequently, the elastic energy can be estimated by 
𝑢𝑚
2
𝑆11+𝑆12
 where 
𝑢𝑚 is the lattice misfit and 𝑆𝑖𝑗 are the elastic compliances. Thus the difference in elastic energy 
for out-of-plane as compared to an in-place alignment of the defect dipoles is found to be ~70 
J/cm3. This number grows as the laser fluence increases and the excess lattice deformation is 
increased. This suggests that the elastic-driving force for defect dipole alignment can be an order 
of magnitude larger than electric driving force in these films. This observation is consistent with 
prior work by Varnhorst et al.[178] which showed using electron paramagnetic resonance (EPR) 
spectroscopy-based studies that the alignment of paramagnetic Na+-O− dipoles in BaTiO3 crystals 
could be achieved under the application of a uniaxial mechanical stress. For additional comparison, 
we can calculate the electrostrictive energy associated with the strain-stabilization of a ferroelectric 
material. This energy is responsible for much that we know takes place in thin-film ferroelectrics 
– including stabilizing out-of-plane polarization, tetragonal structures, and enhancing TC in 
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compressively strained films. Estimates of this energy for BaTiO3 give rise to an energy on the 
order of ~12 J/cm3. What this shows is that among a number of active energies in the material, the 
presence of the elastic coupling between the defect dipoles and the strain fields in the material are 
among the most dramatic and thus are thought to play a significant role in the evolution of the 
effects observed herein.  
5.5.2 Supporting Experiments for Alignment Mechanism 
 To further probe this idea, samples were grown at a laser fluence of 1.8 J/cm2 on a range 
of different substrates including DyScO3 (110), GdScO3 (110), and NdScO3 (110). Consistent with 
the films described above, all films are 
coherently strained to the various substrates 
and as one moves from films grown on 
NdScO3 to GdScO3 to DyScO3 the out-of-
plane lattice parameter of the BaTiO3 
increases as is expected based on the 
changing strain condition (Fig. 5.5). 
Subsequent hysteresis loop measurements 
(Fig. 5.6a and b, measured at 1 Hz and 10 
kHz, respectively) reveal that films grown 
on substrates that provide a compressive 
strain (i.e., DyScO3 and GdScO3) exhibit 
large horizontal shifts of the hysteresis 
loops indicating built-in fields arising from 
aligned defect dipoles while films grown on 
substrates that provide a small tensile strain (i.e., NdScO3) reveal negligible built-in fields 
suggesting that the defect dipoles are not preferentially aligned in the out-of-plane direction. 
Again, this data suggests that the epitaxial strain plays a crucial role in directing the out-of-plane 
alignment of the defect dipoles and the observation of built-in fields. As the elastic boundary 
conditions are changed from compressive to tensile in nature, we see clear trends (i.e., increasing 
shifts of the hysteresis loop with increasing compressive strain) that suggest that epitaxial strain, 
not just polarization, are key to understand the alignment of the defect dipoles.  
Fig. 5.5: Off-axis reciprocal space mapping studies about 
the 103 and 332 diffractions conditions for the films and 
substrate, respectively, for (a) BaTiO3 / SrRuO3 / NdScO3 
(110) and (b) BaTiO3 / SrRuO3 / GdScO3 (110) 
heterostructures and about the 103 diffraction conditions for 
both film and substrate for a (c) BaTiO3 / SrRuO3 / DyScO3 
(110) heterostructure. 
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5.6 Impact on Ferroelectric Phase Transition Temperatures 
So far we have demonstrated that compressive epitaxial strain can drive an out-of-plane 
alignment of growth-induced defect dipoles that manifest structurally as large expansions in the c-
axis lattice parameter of the films. Such deformations signify the presence of large internal-stresses 
in the out-of-plane direction that arise from the elastic interactions between the aligned defect-
structures and the host lattice. It has been shown that the presence of lattice strains can dramatically 
impact the magnitude and temperature-dependence of the polar state in BaTiO3 [30,179]. In fact, 
researchers have shown that epitaxial strain alone can increase the TC of BaTiO3/GdScO3 (110) 
heterostructures from 120°C to 400°C [60]. To explore the added effect of the out-of-plane lattice 
strains from the aligned defect dipoles on the TC of BaTiO3 films, we conducted temperature-
dependent XRD studies of BaTiO3 / SrRuO3 / GdScO3 (110) heterostructures grown at laser 
fluences of 1.5, 1.8, and 2.1 J/cm2 (Fig. 5.7a).  The temperature-dependent evolution of the out-
of-plane lattice parameter reveals two regimes of thermal expansion over the temperature range 
from 25-900°C separated by a kink that is characteristic of a phase transition. RSM studies were 
completed at various temperatures throughout these studies and, in all cases, the films were found 
to remain coherently strained to the substrate [characteristic data for films grown at 1.8 J/cm2 are 
provided for studies at 25°C (Fig. 5.7b) and 750°C (Fig. 5.7c)]. Subsequently, from the evolution 
of the out-of-plane lattice parameter, the presence of phase transitions at temperatures of ~500°C, 
~650°C, and ~800°C for films grown at laser fluences of 1.5, 1.8, and 2.1 J/cm2, respectively, are 
Fig. 5.6: Polarization electric field hysteresis loops for BaTiO3/SrRuO3 heterostructures grown at a laser fluence of 
1.8 J/cm2 on substrates producing a compressive (SrTiO3 and GdScO3) and tensile (NdScO3) epitaxial strain as 
measured at (a) 1 Hz and (b) 10 kHz. A change in the sign of the strain results in a change in the nature of the loops 
with compressive strains driving shifted loops and tensile strains resulting in no shifts. 
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suggested. We also note that the excess lattice deformation (beyond that resulting from epitaxial 
strain) associated with the defect dipoles is observed to persist to even above the phase transition 
temperature which is further proof that the defect dipoles are coupled strongly to the epitaxial 
strain condition in the films.  
To verify that the structural transitions observed in the XRD studies correspond to the 
transition from a ferroelectric-to-paraelectric state, we probed the temperature dependence of the 
dielectric and ferroelectric properties. To begin, we show data for the temperature-dependent 
Fig. 5.7: (a) Temperature-dependence of out-of-plane c-axis lattice parameter evolution as measured from XRD 
for BaTiO3/SrRuO3/GdScO3 (110) heterostructures where the BaTiO3 was grown at laser fluences of 1.5 (black), 
1.8 (red), and 2.1 (blue) J/cm2. Two distinct regimes, separated by a kink in the lattice parameter are observed. 
Corresponding X-ray reciprocal space mapping studies of the heterostructure grown at 1.8 J/cm2 at (b) 25°C and 
(c) 750°C revealing that the films remain coherently strained even at high temperatures. (d) Ferroelectric hysteresis 
loops, measured at 10 kHz, for the heterostructure grown at 1.8 J/cm2 revealing the presence of strong polarization 
even at 500°C. The inset shows a summary of the evolution of the polarization from 25-500°C. (e) Dielectric 
permittivity of BaTiO3 films grown at laser fluences of 1.5 (black), 1.8 (red), and 2.1 (blue) J/cm2
 
measured as a 
function of temperature. The inset shows the inverse permittivity as a function of temperature a linear fit of the 
high-temperature response to extract an estimate for the transition temperature. 
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evolution of spontaneous polarization for a film grown at 1.8 J/cm2 (Fig. 5.7d). Ferroelectric 
hysteresis loops were obtained up to 500°C and reveal a spontaneous polarization value of 27 
µC/cm2 (~80% of the room-temperature value) despite being 100°C above the TC for a defect-free, 
coherently strained film [60]. This suggests that the stabilization of the ferroelectric state of 
BaTiO3 from aligned defect dipoles can dramatically impact the properties. The temperature 
dependence of the ferroelectric polarization (inset, Fig. 5.7d) are provided to summarize the 
response from 25-500°C. To further explore the mechanism for the enhancement of TC, we 
employed Ginzburg-Landau-Devonshire (GLD) models [180] to predict the temperature evolution 
of the spontaneous polarization considering both the out-of-plane elastic strain arising from 
aligned defect-dipoles and the in-plane biaxial epitaxial strain from the substrate (Fig. 5.8, details 
in Appendix B). The predicted temperature dependence of the spontaneous polarization for the 
film grown at 1.8 J/cm2 matches closely with the experimentally measured values (inset, Figure 
5.7d) and suggests a phase transition at TC ≈ 650°C that coincides with the phase transition 
observed in the temperature-dependent XRD. Likewise, the predicted TC for films grown at 1.5 
and 2.1 J/cm2 are ≈515°C and ≈810°C, respectively; in excellent agreement with the temperature-
dependent XRD (Fig. 5.7a) and strongly suggesting that the anomalies in the XRD studies 
correspond to ferroelectric-to-paraelectric transitions. These observations also lead us to conclude 
that these enhancements in the TC can be 
attributed to the epitaxial strain-induced 
alignment of growth-induced defect dipoles 
that in turn produce anisotropic lattice 
deformations and enhanced strain states. 
Further insight into the ferroelectric 
nature of these transitions is obtained from 
temperature dependent dielectric 
measurements (Fig. 5.7e) for the films grown 
at 1.5, 1.8, and 2.7 J/cm2. Fits of the inverse 
dielectric response as a function of temperature 
(inset, Fig. 5.7e) for these films suggests TC ≈ 
475°C, 650°C, and 1000°C for films grown at 
1.5, 1.8, and 2.7 J/cm2, respectively. These 
Fig. 5.8: Predicted temperature-evolution of 
polarization in coherently strained BaTiO3/GdScO3 
(110) heterostructures possessing various levels of 
additional out-of-plane strain as measured by X-ray 
diffraction. The transition temperature scales with 
increasing out-of-plane lattice distortion which 
corresponds to increasing laser fluence. 
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values are in excellent agreement with the predictions from the GLD models which can be used to 
predict the TC for a given combination of epitaxial and defect dipole strain. Moreover, in the case 
of the films grown at a fluence of 1.5 J/cm2, we observe a sharp dielectric anomaly through the 
structural transition ~475°C (black data, Figure 5.7e) confirming the presence of a ferroelectric-
to-paraelectric phase transition at this temperature. 
5.7 Conclusions 
In this chapter, we have explored the coupling between epitaxial strain and defect dipoles 
that form due to the PLD growth process to controllably tune the TC of BaTiO3 to over 800°C. 
Purely epitaxial strain-based approaches for TC enhancement are limited by the magnitude of strain 
that can be applied, the thicknesses that can be achieved before film relaxation, and a lack of strain 
tunability. In this work we show that epitaxial strain can be used to control the ordering of defect 
dipoles inducing additional out-of-plane strains and enabling controlled enhancement of TC 
without the need to change substrates. This is especially exciting since neither the polarization or 
leakage properties are diminished thereby enabling the measurement of well-defined ferroelectric 
hysteresis loops to at least 500°C. It should be noted that even in bulk crystals, aging (a time 
dependent alignment of defect complexes in the direction of polarization) can give rise to enhanced 
TC, but the exact mechanism was not well understood nor is it known how to deterministically 
control the magnitude and nature of these effects [181]. Additionally, in bulk materials the 
enhancement of TC has also been observed to be fleeting or time-dependent, but our enhanced 
properties have been observed to be stable for > 6 months likely due to the added stabilizing power 
of the epitaxial constraints. Such a combined control of epitaxial strain and growth-induced defect-
structures to control ferroelectricity in materials opens up a new paradigm in strain control of 
properties. We note, however, that this is not the first time that the growth process has been used 
to manipulate the density of defects in a material. In fact, in group IV semiconductors (e.g., SixGe1-
x) it has been shown that ion-assisted deposition methods can produce defect complexes that can 
be used to modify the strain state of materials [182]. Early work in this capacity even lead some 
researchers to suggest that “strain ‘engineering’ by controlled ion beam defect injection may have 
interesting implications for lattice-mismatched heteroepitaxy” and may lead to the 
“accommodation of film-substrate lattice mismatch in a novel manner” [182]. This work provides 
a new application of this concept to complex oxide ferroelectrics and represents an exciting 
discovery with implications for utilization of these materials in high-temperature applications. 
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CHAPTER 6 
ENGINEERING DIELECTRIC RESPONSES VIA 
CONTROLLED CHEMICAL- AND STRAIN-
GRADIENTS IN FERROELECTRIC THIN FILMS 
 
In the chapters so far, we explored new strain-based routes to engineer novel and enhanced 
functionalities in ferroelectric thin films of uniform composition. In this chapter, we introduce the 
possibility of using spatial gradients in composition and strain to engineer optimized dielectric 
responses with superior thermal stability. We present preliminary measurements for the 
temperature dependence of dielectric permittivity for monodomain BST-films with highly 
controlled composition- and strain- gradients. Our studies reveal that high values of dielectric 
permittivity (εr ~750) that is stable over a wide temperature range (25-350°C) are attainable for 
coherently-strained and compositionally-graded epitaxial BST films. 
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6.1 Introduction 
Rapid growth and advancements in the area of wireless communication in recent years has 
led to an ever increasing demand for broad bandwidth, reliable and low cost RF tunable microwave 
devices that deliver superior performance needed to support emerging applications [183]. While 
traditional materials including ferrites and semiconductors have been considered for these devices, 
they suffer several drawbacks including slow tuning speeds in the case of ferrites and high losses 
at microwave frequencies in the case of semiconductor-based devices [183,184]. BST-based solid 
solution, on the other hand, show large dielectric responses and low dielectric losses at microwave 
frequencies. The dielectric response in BST thin films can be easily tuned by the application of 
external biases of only a few volts, and are therefore candidate materials for electronically-tunable 
microwave devices such as filters, oscillators, phase-shifters and resonators [185,186,187,188]. 
However, in addition to the aforementioned properties of high dielectric permittivity, low 
dielectric losses and large tunability, it is also imperative that these properties are temperature-
insensitive to ensure device performance that is consistent and reliable under harsh operating 
conditions. While the dielectric permittivity and tunability of a single-composition BST films are 
maximal at the Curie temperature, they are strongly influenced by temperature changes in the 
vicinity of the Curie point. To overcome this limitation and to achieve temperature-insensitive 
dielectric responses, researchers since the mid-1990s have explored the use of compositionally-
graded ferroelectrics in which the ferroelectric to paraelectric phase transition is substantially 
diffused (broadening of phase transition is tunable by tuning the composition gradient) 
[189,190,191]. 
Over the last decade, researchers have also demonstrated that strain-gradients in 
ferroelectric thin films can also result in a similar broadening of ferroelectric to paraelectric phase 
transition and thereby enhance the thermal stability of ferroelectric susceptibilities [192,193]. 
Based on such insights, the aim of the work presented in this chapter is to synthesize high quality 
monodomain versions of compositionally-graded BST films that simultaneously possess 
composition- and strain- gradients, and attempt to achieve desired temperature-stable dielectric 
property enhancements. We also compare the experimentally measured temperature dependence 
of dielectric permittivity to those predicted by advanced GLD-based models that incorporate 
energy terms related to composition-, strain- and polarization- gradients that exist in such 
compositionally graded ferroelectric thin films. Based on these studies, we also comment on the 
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relative importance, and necessity, of each of these contributions in describing the response of 
graded ferroelectric thin films. 
6.2 Background on the Physics of Graded Ferroelectrics 
Graded ferroelectrics refers to materials that possess a gradient in ferroelectric polarization 
across the thickness of the ferroelectric sample [194]. There are several routes to engineer 
polarization gradients in ferroelectrics, including: (1) The imposition of a gradient in temperature 
across the sample [195,196], (2) Controllably changing composition during growth to engineer 
composition- and polarization- gradients in a direction that is normal to the growth front [197,198], 
and (3) Designing structures with engineered stress/strain gradients across the sample thickness 
[199,200,201,202,203]. Of these approaches, gradients in composition and strain are easily 
realizable and have emerged as promising routes to design graded ferroelectrics for real world 
device applications. It has been demonstrated that the presence of such gradients break the 
macroscopic inversion symmetry across the ferroelectric device giving rise to novel properties 
such as self-poling, built-in fields, asymmetric/shifted hysteresis loops, as well as electric-field, 
thermal, and stress susceptibilities that are distinctly different from their ungraded counterparts 
[194,195,204]. Such effects have been explored theoretically via first-principles calculations 
[205,206], as well as phenomenological Landau theory [193,207,208,209] to understand the 
mechanisms underlying the origin of such distinct properties. It has been shown that the observed 
self-poling and asymmetric hysteresis loops for graded-ferroelectrics can be modelled by 
modifying phenomenological GLD-based models for homogeneous ferroelectrics with the 
inclusion of the following additional symmetry-breaking energy terms to the Landau free energy 
functional, 
𝐺𝛾 =  𝛾𝑃
𝜕𝑐 
𝜕𝑧
 ; 𝐺𝑓 =  𝑓𝑖𝑗𝑃
𝜕𝜀𝑖𝑗 
𝜕𝑧
  (6.1) 
where P is the ferroelectric polarization,  
𝜕𝑐 
𝜕𝑧
 and  
𝜕𝜀𝑖𝑗
𝜕𝑥𝑗
 are the composition- and strain- gradients 
respectively, 𝐺𝛾 is the energy term for the coupling between polarization and composition-
gradients, 𝐺𝑓 is the energy term for the coupling between polarization and strain-gradients,  𝛾 is 
the phenomenological coefficient for composition-gradients and 𝑓𝑖𝑗 is the phenomenological 
coefficient related to strain-gradients, more commonly termed as the flexoelectric coefficient 
[209,210]. The strain-gradient related effects in particular, also known as flexoelectricity, is a 
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property of all insulators whereby they develop a spontaneous polarization under conditions of 
inhomogeneous deformation [211]. Till recent times, the role of such flexoelectricity-related 
electromechanical contributions to properties of bulk ferroelectrics have been mostly neglected 
due to the relative weakness of the effect compared to its piezoelectric and electrostrictive 
counterparts. In nanoscale materials, however, the strain gradients achievable are several orders of 
magnitude higher than what is possible in bulk and can dramatically impact their dielectric, 
ferroelectric and electromechanical properties. 
 Recent GLD-based phenomenological studies for epitaxial monodomain graded-BST films 
have shown that in addition to the effects discussed above, depolarization fields that oppose the 
spatial variation in polarization across the thickness of graded ferroelectric thin films, can 
dramatically impact the magnitude as well as temperature-dependence of ferroelectric 
susceptibilities [193]. Under short circuit boundary conditions, such depolarization effects in 
graded-ferroelectric films result in the addition of a depolarization energy term (G𝐷) to the Landau 
free energy functional, 
G𝐷 =  −
1
2
𝐸𝐷𝑃, E𝐷 =
1
𝜀0𝜀𝑏
[𝑃 −
1
ℎ
∫ 𝑃. 𝑑𝑧]
ℎ
0
  (6.2) 
where ED is the depolarization field, h is film thickness, 𝜀𝑏 is the background permittivity that 
incorporates the effect of intrinsic dielectric screening as well as extrinsic contributions from 
defects and free charge carriers that can screen or compensate depolarization fields in real systems. 
In all, we have discussed aspects of graded-ferroelectrics that can dramatically impact 
ferroelectric susceptibilities and their temperature-stability. Systematic experimental studies are 
desired to investigate the relative strengths of each of the individual effects. In the sections that 
follow, we describe preliminary studies on a systematic set of high quality epitaxial BST films to 
probe the impact of each of these effects. 
6.3 Growth of Graded BST Thin Films 
In this section, we focus our attention on the growth of graded films of BaxSr1-xTiO3 with 
compositions between x = 0.6 to 1.0. The two end-members are: 1) Ba0.6Sr0.4TiO3 (henceforth 
referred to as BST 60:40), which in bulk exists as a cubic paraelectric (TC ~ 0°C) with a unit-cell 
lattice parameter of a = 3:965 Å at room temperature, and 2) BaTiO3, which in bulk exists as a 
tetragonal ferroelectric (TC ~ 120°C) at room temperature with unit-cell lattice parameters a = 
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3.992 Å and c = 4.036 Å (pseudocubic lattice parameter, apc = 4.006 Å) [9,11,212,213]. As 
discussed in chapter 5, a compressive in-plane strain of 1% that occurs in coherently-strained 
BaTiO3 films (free of lattice-expanding defects) grown on GdScO3 (110) substrates (pseudocubic 
lattice parameter, apc = 3.967 Å) results in an out-of-plane tensile strain of 1.7% (with contributions 
from both Poisson and electrostriction effects) and is also accompanied by enhancements of 
ferroelectric TC to nearly 400°C. On the other hand, BST 60:40 possesses negligible lattice match 
(+0.05%) with GdScO3 (110) substrates. Correspondingly the TC for BST 60:40 films grown on 
GdScO3 (110) substrates are virtually unchanged.  This is also seen in the temperature-dependent 
evolution of polarization predicted using GLD-based thin film models (Fig. 6.1a) for the two end-
members. While dielectric responses for strained-films of each of these end-members peak at their 
respective TC’s, they demonstrate strong temperature-dependencies near the Curie point that is 
often undesirable for applications.  
In order to design for temperature-stable performance, in this work we focus on films where 
we gradually change the composition between the two end-member compositions across the film 
thickness. Since the phase transition characteristics of BST films are monotonic function of the 
Ba/Sr ratio, grading the composition across the thickness have been shown to result in diffuse 
ferroelectric-to-paraelectric phase transition that extends between the TC’s of the two end-member 
compositions, and thereby achieve enhanced temperature-independent responses [214]. This also 
Fig. 6.1: (a) Predicted temperature-evolution of polarization in coherently strained BST 60:40/GdScO3 (110) and 
BaTiO3/GdScO3 (110) heterostructures. Schematic illustrations of the four sample variants studied in this work 
including (b) single-layer BaTiO3, (c) single-layer BST 60:40, (d) up-graded heterostructures (which smoothly 
transition from BST 60:40 to BaTiO3 from the substrate to the film surface), and (e) down-graded heterostructures 
(which smoothly transition from BaTiO3 to BST 60:40 from the substrate to the film surface).  
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suggests that such compositional gradients when used in conjunction with epitaxial strain, can 
result in an even broader temperature regime for temperature-insensitive dielectric responses as 
the TC’s of the end member compositions in the strained state are further apart. In order to 
investigate such effects, we employed PLD to synthesize four different kinds of BST-based thin 
film heterostructures on SrRuO3- buffered GdScO3 (110) substrates: 1) single-layer BaTiO3 (Fig. 
6.1b), 2) single-layer BST 60:40 (Fig. 6.1c), 3) compositionally up-graded heterostructures (which 
smoothly transition from BST 60:40 to BaTiO3 from the substrate to the film surface) (Fig. 6.1d), 
and 4) compositionally down-graded heterostructures (which smoothly transition from BaTiO3 to 
BST 60:40 from the substrate to the film surface) (Fig. 6.1e). We included end-member films of 
uniform composition in the study to enable a systematic 
analysis of the ferroelectric properties of graded-BST films in 
comparison with uniform composition films synthesized via 
PLD using the same growth conditions. In all cases, the BST 
films synthesized were 150 nm thick, and were grown using the 
optimized growth parameters for BaTiO3 films as discussed in 
chapter 2. Compositionally graded heterostructures were 
synthesized by using a programmable target rotator (Neocera, 
LLC) that was synced with the excimer laser to controllably 
vary the number of laser pulses on pure BaTiO3 and BST 60:40 
targets to achieve the desired composition gradient. 
6.4 Crystal and Ferroelectric Domain Structure of 
Graded BST Thin Films 
XRD studies for the various BST / SrRuO3 / GdScO3 
(110) heterostructures reveal that all films are epitaxial and 
single phase. Fig. 6.2 shows a zoom-in of the high resolution 
X-ray θ-2θ line scans around the 002-diffraction condition for 
the various films. The uniform composition BaTiO3 and BST 
60:40 films show sharp well-defined peaks along with the 
presence of Laue oscillations that are typical of films with high 
crystalline quality, and possess smooth surface and interfacial 
topography. On the other hand, X-ray θ-2θ scans for the 
Fig. 6.2: (a) XRD about the 002-
diffraction condition for (top to bottom) 
BaTiO3, BST 60:40, upgraded and 
downgraded films respectively grown 
on SrRuO3-buffered GdScO3 (110) 
single crystal substrates 
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upgraded and downgraded films reveal a top-hat peak structure that stretches across the peak 
positions of the two end-member compostions. Subsequent off-axis X-Ray RSM studies about the 
103- diffraction conditions for the up-graded and down-graded films (Fig. 6.3a and b, respectively) 
reveal that the films are coherently strained to the GdScO3 substrate (same Qx value for off-axis 
film and substrate peaks). In the Qy direction, the 
film peak for the graded films stretch across 
locations corresponding to the strained end-
member compositions, indicative of a smooth 
gradiation in lattice parameters due to the 
compostion gradient across film thickness. 
Furthermore, the uniformity of peak width in the 
Qx-direction verifies the linear grading of 
composition across thickness for both the up-
graded and down-graded films.  
The ferroelectric domain structure for all 
films synthesized was studied using PFM.  For 
brevity, we present PFM scans for up-graded film 
heterostructures (Fig. 6.4). All films synthesized are found to be monodomain revealing uniform 
contrast in the vertical- and lateral- PFM images. We found no evidence for the presence of either 
180° domains or 90° domain walls that could potentially exist in tetragonal ferroelectrics. Based 
on the XRD and PFM studies we conclude that all films studied are coherently strained and 
monodomain, and therefore serve as simple model systems to investigate the effects of 
composition- and strain- gradients on ferroelectric susceptibility. 
Fig. 6.3: Off-axis RSMs about the pseudocubic 
103-diffraction condition for the graded films 
showing that the films are coherently strained to 
the GdScO  (110) substrate 
Fig. 6.4: (a) Topography, (b) Vertical PFM and (c) Lateral PFM images for up-graded BST films. Lack of any 
contrast in the PFM images suggests monodomain films. 
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6.5 Gradient Effects on Ferroelectric Properties 
In this section, we compare the ferroelectric properties of the four thin-film heterostructure 
variants synthesized using symmetric capacitor devices (circular capacitors, diameter 25-100 µm) 
with epitaxial top SrRuO3 electrodes fabricated using an MgO-based hard-mask process [169]. 
The use symmetric SrRuO3 capacitor structures
 suppresses extrinsic mechanisms for the hysteresis 
loop shifts including metal-ferroelectric interface related effects such as imprint, asymmetric 
leakage and lossy dielectric responses [170]. We begin by looking at the P-E hysteresis loops for 
the end-member films of uniform composition (Fig. 6.5a). The uniform-composition BaTiO3 
heterostructure capacitors show symmetric and square hysteresis loops that are horizontally 
centered, without evidence of any asymmetry. P-E loops for BST 60:40 heterostructure devices 
are also horizontally centered. They display non-hysteretic characteristic typical of a non-linear 
dielectric, and is in tune with BST 60:40 being a room temperature paraelectric (TC ~ 0°C) under 
small tensile strain. Next, we move on to P-E hysteresis loops measured on the graded films (Fig. 
6.5b). Focusing first on the upgraded films, we notice asymmetric loops that are shifted to the right 
by ~32 kV/cm. By inverting the composition gradient across the film thickness, as in the case of 
the down-graded films, the loops are found to be shifted by nearly an equal amount (28 kV/cm) to 
the left, confirming that the shifts are intrinsic and related to the composition- and strain- gradients 
in the graded films. 
Fig. 6.5: Polarization-electric field hysteresis loops measured at 10 kHz for (a) Uniform-composition BaTiO3 
(orange) and BST 60:40 (blue) heterostructure devices showing horizontally centered loops, and (b) Graded 
heterostructure devices showing asymmetric hysteresis loops with positive and negative offsets of ~30 kV/cm for 
up-graded and down-graded films respectively. 
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Since composition gradients, as well as in-plane and out-of-plane strain gradients 
simultaneously exist in the graded-film heterostructures, it is not possible to separate out 
contribution from each of these symmetry-breaking effects to the total shift observed in P-E 
hysteresis loops. However, previous studies have established the equivalence between Sr-alloying 
and applied mechanical stress/strain towards ferroelectric property evolution in BaTiO3 [28,215]. 
Based on such arguments, we propose that the effects of the compostition- and strain- gradients 
that exist in the graded-BST films can be combined into an effective strain gradient. RSM studies 
for graded films (Fig. 6.3) had revealed that the combination of compressive epitaxial strain and a 
controlled composition-gradient across the thickness in BST thin films helps to engineer a state 
where the in-plane dimensions of the BST unit-cell are held constant by the substrate while the 
out-of-plane dimension varies linearly across the film thickness, indicating an effective strain 
gradient that is purely longitudinal. Based on the hysteresis loop shift of ~30kV/cm and the fact 
that the strain changes by 2.6 % across the film thickness of 150 nm, we calculate an effective 
longitudinal flexoelectric coefficient (feff) of ~10
-10 m3/C for the graded BST films. 
6.6 Gradient Effects on Thermal Stability of Dielectric Responses 
In this section, we focus on the thermal stability of dielectric responses for graded BST 
thin films. To begin with, we look at the temperature dependence of dielectric permittivity for 
uniform-composition BaTiO3 and up-graded BST films ((Fig. 6.6a, orange and green data 
respectively) measured at a frequency of 10kHz. It is easily seen that the strained single-
composition BaTiO3 heterostructure devices demonstrate strongly temperature-dependant 
dielectric responses in the viscinity of the ferroelectric TC. While the dielectric permittivity is 
relatively stable at lower temperatures away from the TC, its magnitude is highly diminished. On 
the other hand, the temperature dependence of dielectric responses for up-graded BST 
heterostructure devices demonstrate high values for dielectric permittivity (εr ~ 750) that varies by 
less than 10% over the entire range measured from 25-350°C. From the measured value of 
effective flexoelectric coefficient of 10-10 m3/C in the previous section, we have also calculated the 
temperature dependance of the dielectric permittivity for the up-graded films (Fig. 6.6b) using 
advanced monodomain GLD-models for graded ferroelectrics (see ref. 193 for details) for different 
values of background dielectric permittivity. The concept of background permittivity represents 
the energy cost due to depolarization fields that arise from polarization gradients and is often used 
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as a fitting parameter to match experimental results.  Even higher temperature dielectric 
measurements are yet to be done for a clear comparison of the measured temperature-dependence 
of dielectric permittivity for up-graded films with features predicted using the GLD model. 
Nevertheless, based on our measurements so far, dielectric response of the up-graded BST film 
suggests zero depolarization energy costs for polarization gradients in the graded-BST 
heterostructure devices (𝐺𝐷 = 0 for 𝜀𝑏 = ∞, using eq. 6.2). This potentially suggests that the 
polarization gradients in the graded films are sufficiently weak to be completely screened by 
extrinisc factors including free charges and defects that are present in real films. We note that these 
are preliminary findings and additional measurements are underway to understand the trends 
observed in the dielectric studies. 
6.7 Conclusions 
In this chapter, we have used epitaxial strain in conjunction with controlled composition- 
and strain- gradients to tune the thermal stability of dielectric responses of BST-based ferroelectric 
thin films. For this, we have synthesised a systematic set of single-composition and 
compostionally-graded BST samples that are monodomain and coherently-strained that serve as 
model systems to effectively probe the role of such spatial gradients in composition and strain 
towards engineering novel responses in ferroelectric thin films. Ferroelectric measurements on 
epitaxial monodomain graded-BST films that are coherently strained to GdScO3 (110) substrates 
have revealed an effective longitudinal flexoelectric coefficient of 10-10 m3/C as well as enhanced 
values of dielectric permittivity (εr ~750) that varies by less than 10% over a wide temperature 
Fig. 6.6: (a) Temperature-dependence of dielectric permittivity for up-graded (data in green) and single 
composition BaTiO3 (data in orange) thin film heterostructures, and (b) Predicted temperature dependence of 
dielectric permittivity for up-graded films using advanced GLD models. 
87 
 
range (25-350°C). Preliminary comparisons with advanced GLD-based models for graded 
ferroelectric films suggest negligible impact of depolarization effects on polarization gradients in 
the graded-BST films suggesting the presence of extrinsic mechanisms for the screening of 
depolarization fields in these materials. Additional high temperature and high frequency dielectric 
and tunability measurements for the graded-BST films are underway, and will shed more light on 
the physics and functionality of graded ferroelectrics in general. 
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CHAPTER 7 
SUMMARY OF FINDINGS AND SUGGESTIONS FOR 
FUTURE INVESTIGATIONS 
 
7.1 Summary of Findings 
7.1.1 Summary of Chapter 1 
Chapter 1 begins with a review of the basic concepts of ferroelectricity with a brief 
overview of the technological significance of these materials. This is followed by a discussion of 
prototypical perovskite ferroelectric systems along with conventional materials design strategies 
including concepts of chemical alloying and morphotropic phase boundaries to tune and 
maximize their responses. While lead-based perovskites dominate the current market of 
ferroelectric devices, we highlight the need to develop lead-free alternatives, especially in the 
thin film form, that would enable a seamless integration of these technologies in next-generation 
devices. This naturally, leads to a discussion of the current state-of-art in ferroelectric thin-film 
growth and concepts of epitaxy and strain-engineering which have been widely utilized as an 
additional knob to control structure and responses of these materials. Having cited several 
examples of large enhancements in ferroelectric properties of thin films via epitaxial strain 
control, we briefly discuss the merits and limitations of current strain-engineering based 
approaches. This sets up the central goal of the current dissertation and motivates the need to 
develop new modalities in material growth and design that can extend the limits of strain-
engineering and device performance in lead-free ferroelectric materials. We then outline the 
work presented in this dissertation including the formation of MPB-like features in highly 
compressively strained BiFeO3 that demonstrate highly enhanced electromechanical responses, 
as well as the stabilization of the ferroelectric state of BaTiO3 thin films to temperatures 
exceeding 800°C by employing epitaxial-strain driven alignment of  growth-induced defect 
dipoles. We then outline the organization of chapters in this dissertation, and conclude Chapter 1 
with a brief summary of the individual chapters. 
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7.1.2 Summary of Chapter 2 
In Chapter 2, we begin with a discussion of the PLD growth process, followed by a brief 
description of the experimental setup and the growth parameters that were used to synthesize two 
prototypical lead-free ferroelectrics studied in this dissertation, namely BiFeO3 and BaTiO3. For 
each of the two systems, we begin with a brief review of relevant background literature, followed 
by detailed investigations of the structure, chemistry and property measurements of PLD-grown 
films. We first demonstrate our ability to grow high-quality epitaxial thin films of BiFeO3 on a 
variety of single crystal oxide substrates with lattice matched SrRuO3 as a bottom electrode. We 
then present structural, chemical and ferroelectric studies conducted on these films that 
demonstrate the excellent quality of the films synthesized. At the same time we describe several 
characterization techniques including XRD, RBS, RSM, and PFM that have been employed for 
investigating structure-property relationships throughout this dissertation. We then move on to 
the study of PLD growth of epitaxial BaTiO3 thin films, where we demonstrate large impact of 
laser fluence on film quality. Using a combination of XRD, RBS, and TDTR-based thermal 
conductivity measurements, we demonstrate a laser fluence condition of 1.5 J/cm2 to be optimum 
for the growth of epitaxial BaTiO3 thin films. In short, this chapter lays the ground work for the 
PLD growth as well as various characterization techniques that are important for the research 
presented in rest of the chapters. 
7.1.3 Summary of Chapter 3 
In Chapter 3, we investigate new routes for enhanced electromechanical responses by 
using epitaxial strain in lead-free BiFeO3 to drive the formation of mixed-phase structures that 
are mechanical analogs to the chemistry driven MPB’s found in several lead-based ferroelectrics. 
Recent studies have observed mixed phase structures of rhombohedral- and tetragonal- 
polymorphs in highly compressively strained BiFeO3 films that demonstrate enhanced 
piezoresponse as compared to either of the parent phases. In order to understand these effects, we 
have examined the intricate nanoscale spatial arrangement of metastable mixed-phase structures 
that form in highly compressively strained BiFeO3 thin films. Based on detailed characterization 
of the phase- and surface- structure of these films using a combination of high resolution XRD 
and scanning probe-based techniques, we have uniquely identified and examined the numerous 
phases present at these phase boundaries and have discovered an intermediate monoclinic phase 
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(much akin to what has been observed in MPB systems) in addition to the previously observed 
rhombohedral- and tetragonal-like phases. They reveal that the so-called mixed-phase films are 
not mixtures of rhombohedral- and tetragonal-like phases, but intimate mixtures of highly-
distorted monoclinic phases (designated as MI- and MII- phases) with no evidence for the 
presence of the rhombohedral-like parent phase. With such an understanding of the nanoscale 
phase structure, we conducted bias-induced nanoscale swithching among the various phases 
present using PFM to investigate the mechanism for highly enhanced piezoresponses that have 
been reported in these films. Based on these studies, we show that the ability to reversibly 
transform from between the monoclinic MI and MII -phases under external fields are key to the 
observed enhance electromechanical responses. The findings presented in this chapter represent 
an unprecedented picture of the phase complexity associated with this exciting strain-induced 
structural phase transition as well as direct evidence of the pathway for enhanced 
electromechanical response in these materials. Such unique behavior has significant implications 
for numerous applications and could help shed light on similar boundaries in other high-
performance piezoelectrics. 
7.1.4 Summary of Chapter 4 
In Chapter 4, we seek to understand the origins of complex mixed phase formation that 
has been observed in highly compressively strained BiFeO3 thin films. For this, we investigate 
the temperature- and thickness- dependent structural and morphological evolution of strain-
induced phase boundaries in epitaxial BiFeO3 films deposited on LaAlO3 (001) substrates using 
a combination of high-resolution X-ray diffraction and temperature-dependent scanning-probe-
based studies. We observe in these films, a thickness dependent evolution from a single 
monoclinically distorted metastable tetragonal-like phase, to a complex mixed-phase structure in 
film of intermediate thickness, to an eventual breakdown in epitaxy to microcrystals of the bulk 
rhombohedral phase in thicker films. These observations draw parallels with reports of unusual 
strain-relaxation in strain-stabilized metastable phases of simpler metallic systems, and suggest 
the possibility of a strain-induced spinodal instability as the cause for the thickness-dependent 
mixed phase formation in highly strained BiFeO3 films. Based on earlier models that explain the 
unusual phase evolution in materials that have a strain stabilized metastable phase, we  propose a 
schematic thickness-strain phased diagram to summarize the nature of the phase evolution in 
strained BiFeO3 thin films. Based on such an understanding of the thickness-driven phase 
91 
 
evolution in epitaxial BiFeO3 films, we then present suitable chemical-alloying strategies that 
can delay the onset of epitaxial breakdown in the highly compressively strained films and 
stabilize the necessary nanostructure to assure strong electromechanical responses. By alloying 
the BiFeO3 with Pb (1-3%) we have stabilized the mixed-phase structures to film thicknesses in 
excess of 500 nm and have demonstrated surface height depressions greater than 20 nm. These 
observations provide insight into the nature of the phases of BiFeO3 and their stability and routes 
to further utilize these materials. 
7.1.5 Summary of Chapter 5 
In Chapter 5, we demonstrate a new route to engineering strain in materials involving the 
use of chemical strain from growth-induced defect dipoles in combination with substrate-induced 
compressive epitaxial strain. More specifically, we utilize the high energetics associated with the 
PLD growth process to tune the concentration of bombardment-related point defects that occur in 
BaTiO3 thin films, that in turn form charged point defect complexes also known as defect 
dipoles. By directly coupling the electrical and elastic dipoles of the defect complexes with the 
polarization and epitaxial strain state of the film, respectively, we can align the defects thereby 
inducing an additional anisotropic lattice deformation. Such a coupling of the elastic dipole of 
the defects with stress has been demonstrated before, but here we develop a new paradigm in 
strain control of ferroelectric materials whereby we leverage this and the corresponding coupling 
with the primary order parameter of the materials to enhance material performance. We 
demonstrate that in BaTiO3 films, known to possess a strong coupling between strain and 
polarization, that deterministically controlling the electric- and elastic-dipole moments of 
engineered defect complexes allows us to systematically enhance the TC to nearly 800°C without 
degradation of the polarization or leakage properties. This work highlights the potential of the 
combination of strain- and defect-engineering as a new route to control material properties. 
7.1.6 Summary of Chapter 6 
In Chapter6, we focus on a novel combination of compressive epitaxial strain and a 
controlled composition-gradient across the thickness in BST thin films to engineer a state where 
the in-plane dimensions of the BST unit-cell are held constant by the substrate while the out-of-
plane dimension is linearly tuned as a function of composition, thereby, creating an effective out-
of-plane strain gradient and associated polarization gradient in the film. Here, we explore the 
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possibility of using spatial gradients in composition and/or strain to engineer enhanced dielectric 
responses with excellent temperature stability over a wide temperature range for use in next-
generation microwave devices. Preliminary measurements for the temperature-dependence of 
dielectric susceptibility for epitaxial monodomain graded-BST films grown on GdScO3 (110) 
substrates with highly controlled composition- and strain- gradients have revealed high values of 
dielectric permittivity (εr ~750) that is stable over a wide temperature range (25-350°C). 
Furthermore, by comparing our measurements with those from advanced GLD-based models for 
graded ferroelectric films, we comment on the role of composition gradient, flexoelectric (strain-
gradient) and depolarization effects that are important for the observed responses. 
7.1.7 Summary of Appendices 
Appendix A introduces the PFM technique, showing the experimental setup and 
procedure for imaging ferroelectric order in materials. Appendix B discusses the GLD model 
constructed for the phenomenological description of the ferroelectric phase transitions in 
monodomain BaTiO3 films subject to in-plane and out-of-plane strain constrains. 
7.2 Suggestions for Future work 
1. Pyroelectric and electrocaloric responses of pure MII-phase and mixed-phase BiFeO3: 
The MI- and MII- phases that occur in mixed-phase BiFeO3 films have dramatically 
different structure, ferroelectric and ferromagnetic order parameters. In Chapters 4 and 5, 
we saw that for thicker films of highly compressively strained BiFeO3/LaAlO3, it is 
possible to reversibly transform between the mixed phase state (where tilted-version of 
MI- and MII- phases coexist) to one that is purely MII. These transitions can be brought 
about by application of electric fields or by simply heating the films, and are 
characterized by changes in the volume and average film polarization. Thus, one could 
expect large extrinsic contributions to pyroelectric and electrocaloric responses in these 
films over a wide temperature range where such mixed phase structures stabilize in these 
films. Experiments that directly measure these responses naturally follow from the work 
presented in this dissertation. However, there are several challenges for such studies 
including the difficulty in stabilizing the purely MII- and mixed- phase BiFeO3 phases 
with a bottom electrode buffer layer that is needed for these measurements. 
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2. Tuning polymorph stability using substrate orientation: The stabilization of the 
metastable tetragonal phase of BiFeO3 films on highly compressive 001-oriented 
substrates is indicative of the role of biaxial strain towards the stabilization of metastable 
polymorphs that are mechanically compatible with the strain-induced lattice deformation. 
Such effects are also responsible for the stabilization of the room temperature tetragonal 
phase of BaTiO3 to temperatures exceeding 400°C in the case of compressively strained 
001-oriented films. In a similar manner, it can be argued that compressive epitaxial strain 
in (111)-oriented films should favor a rhombohedral polymorph with out-of-plane 
polarization, and a tensile in-plane biaxial strain would stabilize the orthorhombic 
ferroelectric phase. A thorough understanding of strain-tuning of the stability of 
polymorphic phases would enable the design of new ferroelectric systems that possess 
strain-induced MPB like features akin to the one observed in highly compressively 
strained BiFeO3 thin films. Towards such an understanding, I propose experiments 
exploring such possibilities on BaTiO3 and other perovskite ferroelectric systems. 
3. Engineering functionalities of complex oxide perovskites using lattice strains from 
defects: Structural and electrical measurements of BaTiO3 thin films (chapter 5) revealed 
the presence of aligned defect-dipoles that form due to energetic bombardment during 
PLD growth. These defects in turn generate enhanced anisotropic deformation states with 
large implications for ferroelectric properties of BaTiO3.  Lattice deformation in complex 
oxide perovskites, in general, strongly impact electronic and magnetic properties. Some 
representative experimental observations include the enhancement of TC in 
superconducting La1.9Sr0.1CuO4 thin films, room temperature ferroelectricity in 
paraelectric SrTiO3, the metal insulator transition in rare-earth nickelates, the colossal 
magnetoresistance in La0.67Ca0.33MnOx and more. I therefore propose experiments that 
utilize a combination of epitaxial strain and high energy growth-induced defects to induce 
highly enhanced deformation states (beyond what is possible via epitaxial strain alone) in 
complex oxide perovskite materials to engineer lattice deforming defects to tune 
functionalities. To begin with, I propose experiments investigating high energy growth of 
SrTiO3 films on a variety of substrates including NdGaO3 (110), SrTiO3 (001), and 
DyScO3 (110) for room temperature ferroelectricity. I also propose possibilities of 
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enhancing the stability regime of MII-phase BiFeO3 grown on LaAlO3 (001) substrates 
via additional out-of-plane strains from growth induced defects. 
 
4. Enhanced critical thickness for strain-relaxation in BaTiO3 films with aligned defect 
dipoles: Critical thickness studies of MBE-grown BaTiO3 films on DyScO3 (110) 
substrates (compressive strain of ~1.7%) have shown that the critical thickness for strain 
relaxation is ~50 nm. This limits the potential for epitaxial strain engineering for high 
voltage applications (such as applications requiring large piezoelectric displacements) 
where thicker films are needed to avoid leakage and dielectric breakdown related issues. 
However, using PLD growth at higher laser fluences, we have been able to synthesize 
BaTiO3 films exceeding 150 nm in thickness that remain coherently strained on DyScO3 
(110) substrates.  These observations are indicative of the fact that the presence of 
aligned defect dipoles can dramatically impact strain relaxation in thin films. Earlier 
theoretical studies have predicted that under conditions of negative hydrostatic pressure 
(corresponding to a net unit cell volume expansion), anomalous lattice deformation states 
involving large expansions in the c-lattice parameter and anomalous reduction in the a-
lattice parameter occur in tetragonal ferroelectrics such as BaTiO3. If we were to assume 
that the introduction of defect dipoles (volume expanding point defect complexes) in the 
bulk of BaTiO3 can lead to similar effects, then we can expect highly reduced a-lattice 
parameter values for unstrained films with defects as compared to bulk. This would result 
in an effective lowering of the lattice mismatch with the underlying substrate and explain 
the observed enhancements in the critical thickness values. Based on such a hypothesis, I 
propose to conduct a series of experiments involving growth of BaTiO3 films of varying 
thicknesses with controlled densities aligned defect dipoles followed by detailed studies 
of evolution of strain relaxation with film thickness using X-ray RSM and TEM based 
studies.  
 
5. Flexoelectric control of defect dipole alignment: The systematic shift observed in 
ferroelectric hysteresis loop for BaTiO3 films grown at increasing values of laser fluences 
towards the positive voltage axis is indicative of increasing densities of aligned defect 
dipoles. However, the mechanism by which the electric moment of these defects choose 
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an upward pointing orientation over a downward pointing one is unclear. Consequently, 
even though we can employ compressive epitaxial strain to enforce an out-of-plane 
orientation of defect dipoles, we have no way of choosing between upward/downward 
pointing configurations. The ability to control between the two configurations could 
provide clues to the origin of the observed symmetry breaking effects. For this, I propose 
a study where we grow BaTiO3 films with a gradient in defect concentration across film 
thickness. This can be easily done by continuously varying the laser fluence during 
growth between 1.5 J/cm2 to 2.7 J/cm2. This would result in a longitudinal strain gradient 
(related to defect density gradient) across the films thickness giving rise to a net built-in 
field as a consequence of the flexoelectric effect. Thus, by making upward and downward 
graded films, we could potentially choose between the upward/downward pointing 
configurations of aligned defect dipoles. 
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APPENDIX A 
FERROELECTRIC DOMAIN ANALYSIS WITH 
PIEZORESPONSE FORCE MICROSCOPY 
Piezoresponse force microscopy (PFM) [216,217] is a scanning probe microscopy (SPM)-
based technique used to probe and understand polar materials on the nanoscale. In this appendix 
we investigate the basic principles of operation for PFM.  
A.1 Principles of PFM 
 PFM is based on the detection of a bias-
induced surface deformation in polar materials. 
Using a scanning probe setup, a tip is brought into 
contact with the surface of a material and the 
piezoelectric response of the surface is detected as 
the tip deflection during application of an AC bias 
to the tip. In PFM, the tip follows the local 
deformation of the sample surface that takes place 
directly at the apex of the tip, driven by the 
alternating voltage applied to it. The forces acting on the tip can be resolved into 3-components, 
Fver, Flat and Flong that manifest as a vertical deflection, lateral torsion and buckling respectively of 
the cantilever (Fig. A1). The phase of the 
electromechanical response of the surface 
yields information on the polarization 
direction below the tip (Fig. A2). For 
domains with polarization pointing 
normal to the surface for the material, the 
application of a positive tip bias results in 
the expansion of the sample and the 
surface oscillations are in phase with the 
tip voltage. For domains with downward 
pointing polarization the response is 180° 
Fig. A.1: Possible movements of the cantilever due 
to forces acting on the tip.  
Fig. A2: Schematic for possible movements of the 
cantilever due to piezoresponse from the ferroelectric film 
with corresponding change on the detector(a) F
ver
 leading to 
vertical deflection, and (b) F
lat
 leading to vertical deflection 
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out of phase. The vertical displacement of the cantilever, giving rise to out-of-plane or the vertical 
PFM contrast and information about the vertical direction of the polarization. In the same manner, 
torsion of the cantilever or the lateral deflection in the detector can be measured, thus allowing for 
determination of the in-plane or the lateral piezoresponse. In order to image the longitudinal 
response, the image must be recorded again after rotation of the sample by 90°. 
A.2 Experimental Setup 
 A schematic of the 
experimental setup for PFM is 
shown in Fig. A3. The left side 
(Fig. A3, blue box) of the 
scheme depicts a standard 
contact mode AFM setup. On 
the right side (Fig. A3, red 
box), the additional 
components for PFM operation 
are shown. The AC bias is 
applied to conducting AFM tip (Micromasch 0.6 N/m, tip radius ~20 nm, fr = 75 kHz) using a 
function generator and the resulting oscillations of the cantilever are read out with a lock-in-
amplifier (LIA).  The vertical and lateral PFM images obtained in this dissertation were obtained 
near resonance to take advantage of the resonant enhancement in signal. The PFM cantilever is 
excited with an AC bias, Vac (typically 0.1-1 V) with components at both the vertical resonance 
frequency (fver ~ 300 kHz) and the lateral resonance frequency (flat ~ 750 kHz). The vertical and 
lateral responses are read out by the LIA at the respective frequencies, enabling simultaneous 
imaging.  
Fig. A3: Schematic for contact-mode scanning force microscopy (left 
side) upgraded for piezoresponse force microscopy operation (right side). 
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APPENDIX B 
PHENOMENOLOGICAL GLD MODELING OF STRAIN 
EFFECTS IN MONODOMAIN BaTiO3 THIN FILMS 
For this work, we constructed a phenomenological description of the ferroelectric phase 
transitions in BaTiO3 in which the spontaneous polarization P = (P1, P2, P3) is chosen as the order 
parameter. The free energy, G, is usually expanded as a polynomial of the polarization components 
𝑃𝑖 (i =1, 2, 3). In order to more accurately describe the various structural transitions in a BaTiO3 
single crystal (i.e., from cubic, paraelectric to tetragonal-ferroelectric to orthorhombic to 
rhombohedral) we expressed the Ginzburg-Landau-Devonshire Gibbs free energy with an eighth-
order polynomial [7,9]. Under stress-free conditions it is given as: 
𝐺 = 𝛼1(𝑃1
2 + 𝑃2
2 + 𝑃3
2) + 𝛼11(𝑃1
4 + 𝑃2
4 + 𝑃3
4) + 𝛼12(𝑃1
2𝑃2
2 + 𝑃2
2𝑃3
2 + 𝑃1
2𝑃3
2) +
𝛼111(𝑃1
6 + 𝑃2
6 + 𝑃3
6) + 𝛼112[𝑃1
4(𝑃2
2 + 𝑃3
2) + 𝑃2
4(𝑃3
2 + 𝑃1
2) + 𝑃3
4(𝑃1
2 + 𝑃2
2)] +  𝛼123𝑃1
2𝑃2
2𝑃3
2 +
 𝛼1111(𝑃1
8 + 𝑃2
8 + 𝑃3
8) + 𝛼1112[𝑃1
6(𝑃2
2 + 𝑃3
2) + 𝑃2
6(𝑃3
2 + 𝑃1
2) + 𝑃3
6(𝑃1
2 + 𝑃2
2)] +  𝛼1122(𝑃1
4𝑃2
4 +
𝑃1
4𝑃3
4 + 𝑃2
4𝑃3
4) + 𝛼1123(𝑃1
4𝑃2
2𝑃3
2 + 𝑃2
4𝑃3
2𝑃1
2 + 𝑃3
4𝑃2
2𝑃1
2)  (1) 
where 𝛼1, 𝛼𝑖𝑗, and 𝛼𝑖𝑗𝑘 are the dielectric stiffnesses at constant stress. All of the coefficients are 
assumed to be temperature-independent except 𝛼1  =  (𝑇 − 𝜃)/(2𝜀0𝐶) where ε0 is the 
permittivity of vacuum, C is the Curie-Weiss constant, and θ is the Curie-Weiss temperature. The 
free energy for a tetragonal c domain with P = (0,0,P3) in a bi-axially confined BaTiO3 thin film 
with in-plane stresses 𝜎1 =  𝜎2 from the epitaxial constraint of the substrate and out-of-plane 
stresses 𝜎3 from the elastic dipole of the defect structures that result in additional lattice 
deformations are given as: 
𝐺 = 𝛼1𝑃3
2 + 𝛼11𝑃3
4 + 𝛼111𝑃3
6 + 𝛼1111𝑃3
8 + −
1
2
𝑠11(𝜎1
2 + 𝜎2
2 + 𝜎3
2) − 𝑠12(𝜎1𝜎2 + 𝜎2𝜎3 +
𝜎1𝜎3) −
1
2
𝑠44(𝜎4
2 + 𝜎5
2 + 𝜎6
2) − 𝑄11𝜎3𝑃3
2 − 𝑄12(𝜎1 + 𝜎2)𝑃3
2  (2). 
The strain components can be obtained from the Gibb’s free energy from 𝑢𝑖 =  −
𝛿𝐺
𝛿𝜎𝑖
 giving 
𝑢1 = 𝑠11𝜎1 + 𝑠12(𝜎2 + 𝜎3) + 𝑄12𝑃3
2, 𝑢2 = 𝑠11𝜎2 + 𝑠12(𝜎1 + 𝜎3) + 𝑄12𝑃3
2, 
𝑢3 = 𝑠11𝜎3 + 𝑠12(𝜎2 + 𝜎1) + 𝑄11𝑃3
2, 𝑢4 = 𝑠44𝜎4, 𝑢5 = 𝑠44𝜎5, 𝑢6 = 𝑠44𝜎6 (3). 
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Additionally, the strain is easily measurable experimentally using the X-ray diffraction-based 
techniques and are experimentally found to be: 
𝑢1 = 𝑢2 = 𝑢𝑚 =
𝑎𝑠𝑢𝑏−𝑎𝑝𝑐
𝑎𝑝𝑐
, 𝑢3 =
𝑐𝑓𝑖𝑙𝑚−𝑎𝑝𝑐
𝑎𝑝𝑐
 , 𝑢4 = 𝑢5 = 𝑢6 = 0 (4) 
where 𝑢𝑚 is the epitaxial misfit strain from the substrate,  𝑎𝑠𝑢𝑏is the pseudocubic in-pane lattice 
parameter of the substrate, and 𝑎𝑝𝑐is the pseudocubic lattice parameter of BaTiO3. Using Eqs. (3) 
and (4), we can calculate the various stress components as 
𝜎1 = 𝜎2 = 𝜎𝑚 =
(𝑠12𝑄11−𝑠11𝑄12)𝑃3
2
(𝑠11−𝑠12)(𝑠11+2𝑠12)
 +
(𝑠11𝑢𝑚−𝑠12𝑢3)
(𝑠11−𝑠12)(𝑠11+2𝑠12)
  (5) 
𝜎3 =
(2𝑠12𝑄12−𝑠11𝑄11+𝑠12𝑄11)𝑃3
2
(𝑠11−𝑠12)(𝑠11+2𝑠12)
 +
(𝑠11+𝑠12)𝑢3−2𝑠12𝑢𝑚
(𝑠11−𝑠12)(𝑠11+2𝑠12)
 , 𝜎4 = 𝜎5 = 𝜎6 = 0  (6). 
Given the mechanical constraints on the films from the substrate, it is convenient to apply the 
Helmholtz free energy F that can be derived from the Legendre transformation of Gibbs free 
energy G via 𝐹 = 𝐺 + ∑ 𝜎𝑛𝑢𝑛
6
𝑛=1  that yields 
𝐹 = [𝛼1 +
(2𝑠12𝑄12−𝑠11𝑄11+𝑠12𝑄11)𝑢3
(𝑠11−𝑠12)(𝑠11+2𝑠12)
+
(𝑠12𝑄11−𝑠11𝑄12)𝑢𝑚
(𝑠11−𝑠12)(𝑠11+2𝑠12)
 ]𝑃3
2 + [𝛼11 +
2𝑠12𝑄12
2 +( 𝑠11+ 𝑠12)𝑄12
2 −4𝑠11𝑄11𝑄12
(𝑠11−𝑠12)(𝑠11+2𝑠12)
]𝑃3
4 + 𝛼111𝑃3
6 + 𝛼1111𝑃3
8 + −
1
2
𝑠11(𝜎1
2 + 𝜎2
2 + 𝜎3
2) −
𝑠12(𝜎1𝜎2 + 𝜎2𝜎3 + 𝜎1𝜎3) −
1
2
𝑠44(𝜎4
2 + 𝜎5
2 + 𝜎6
2) − 𝑄11𝜎3𝑃3
2 − 𝑄12(𝜎1 + 𝜎2)𝑃3
2  (7) 
where 𝑠𝑚𝑛 are the elastic compliances at constant polarization and 𝑄𝑖𝑗 are the electrostrictive 
constants of the paraelectric phase. Thus, the spontaneous polarization of the tetragonal c domains 
can be obtained as a function of temperature by minimizing the free energy and solving the 
equation 𝛼1
∗ + 2𝛼11
∗ 𝑃3
2 + 3𝛼111𝑃3
4 + 4𝛼1111𝑃3
6 = 0 where  𝛼1
∗ = [𝛼1 +
(2𝑠12𝑄12−𝑠11𝑄11−𝑠12𝑄11)𝑢3
(𝑠11−𝑠12)(𝑠11+2𝑠12)
+
(𝑠12𝑄11−𝑠11𝑄12)𝑢𝑚
(𝑠11−𝑠12)(𝑠11+2𝑠12)
 ] and 𝛼11
∗ = [𝛼11 +
2𝑠12𝑄12
2 +( 𝑠11+ 𝑠12)𝑄12
2 −4𝑠11𝑄11𝑄12
(𝑠11−𝑠12)(𝑠11+2𝑠12)
]. Finally, to calculate the 
temperature dependence of polarization, we use coefficients that are within the range of values 
used in Ref. 60 or from our own data: Q11 = 0.10 m
4 C2, Q12 = −0.042 m4 C2, s11 = 9.4×10−12 m2/N, 
s12 = −3.0×10−12 m2/N, C0 = 1.0×105, α11 = −508.55α0 N m6 C4, α111 = 3137.11α0 N m10 C6, and 
α1111 = 93673.45α0 N m14 C8 where 𝛼0  =  1/(2𝜀0𝐶). Utilizing these we obtain the equation: 
(𝑇 − 115) − 42233(0.38𝑢3 − 0.09𝑢𝑚) + 933.21𝑃3
2 + 9411.33𝑃3
4 + 374693.8𝑃3
6 = 0   (8) 
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The predicted evolution of polarization as a function of temperature for the coherently strained 
BaTiO3 films grown on GdScO3 (110) substrates corresponding to an epitaxial compressive strain 
of 0.99%, for defect free films as well as films grown at fluences of 1.5, 1.8, and 2.1 J/cm2 
possessing additional out-of-plane strains (u3) of 0.6%, 1.4%, and 2.4%, respectively, are provided 
(Fig. B1). We can express the total out-of-plane strain for these films as 𝑢3 = 𝑢3𝑖 + 𝑢3𝑑, where 
𝑢3𝑖 is the out-of-plane strain for a defect-free (ideal) material and 𝑢3𝑑 is the excess out-of-plane 
strain from defects. Thus, utilizing the fact that 𝑃 = 0 at 𝑇 = 𝑇𝐶 we can write out the following 
relationship which directly relates the expected TC to the anisotropic lattice deformation from 
growth induced defects: 
𝑇𝐶 = 115 + 42233[(0.38(𝑢3𝑖+𝑢3𝑑) − 0.09𝑢𝑚] = 𝑇𝐶𝑑𝑒𝑓𝑒𝑐𝑡−𝑓𝑟𝑒𝑒 + 16048.54𝑢3𝑑 (9) 
This relationship predicts the ferroelectric-to-
paraelectric phase transitions for the films 
grown at fluences of 1.5, 1.8, and 2.1 J/cm2 to 
be 515°C, 650°C, and 810°C, respectively, as 
compared to 425°C for the defect-free 
coherently strained films. These predicted 
values match closely the experimentally 
observed phase transition temperatures.  
 
 
 
 
 
 
Fig. B1: Predicted temperature-evolution of polarization in 
coherently strained BaTiO3/GdScO3 (110) heterostructures 
possessing various levels of additional out-of-plane strain as 
measured by X-ray diffraction. The transition temperature 
scales with increasing out-of-plane lattice distortion which 
corresponds to increasing laser fluence. 
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